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Abstract 
Different concentrations of Cr were added to the binary 3Fe Al  intermetallics, in order to enhance 
the ductility and pitting resistance of alloys. The results of nanoindentation in air show the 
influence of Cr on various mechanical properties like Young’s‎ modulus,‎ Gibbs free energy 
needed for homogeneous dislocation nucleation, and hardness.‎ The‎ increase‎ of‎ the‎ Young’s‎
modulus and Gibbs free energy after addition of Cr is due to the enhancement of the strength of 
interatomic bonds. Moreover, Cr decreases the flow stress and eases the cross slipping of 
dislocations.  
Furthermore, the results of nanoindentation under cathodic and anodic charging show the impact 
of hydrogen on the‎reduction‎of‎Young’s‎moduli‎of‎alloys;‎whereas‎measurements‎of‎the‎pop-in 
load indicate a drastic decrease after cathodic charging in samples with low Cr content. This is 
thought to be due to the decrease of the dislocation line energy based on the defect acting agents 
concept. Based on our results, the mechanism of dislocation shielding should be considered for 
analyzing the fracture characteristics of 3Fe Al  in aqueous solutions, and in atmospheres 
containing hydrogen.   
Finally, the effect of Cr on electrochemical properties of passive layer, and susceptibility of 
alloys to pitting and crevice corrosion in solutions with different concentrations of Cl

 ions, was 
studied using various methods like cyclic polarization, cyclic voltammetry, impedance 
spectroscopy and the Mott-Schottky.  
  
xi 
 
Kurzzusammenfassung 
Um die Duktilität und den Widerstand gegen Lochkorrosion zu verbessern, wurde in einer   
intermetallischen 3Fe Al - Legierung die Konzentrationen an Cr variiert. Durch 
Nanoindentations-Messungen an Luft konnte gezeigt werden, dass Cr die mechanischen 
Eigenschaften wie  z.B. den E-Modul, die Gibbs-Energie für homogene Versetzungsbildung und 
die Härte beeinflusst. Der Anstieg des E-Moduls und der Gibbs-Energie durch die Zugabe von 
Cr kann auf die Verstärkung der interatomaren zurückgeführt werden. Außerdem verringert Cr 
die Fließspannung und erleichtert das Quergleiten von Versetzungen.   
Die Ergebnisse der Nanoindentation mit kathodischer und anodischer Beladung zeigten, dass 
Wasserstoff den E-Moduls der Legierung verringert; Bei geringem Cr-Gehalt kam es hingegen 
zu‎ einem‎ drastischen‎ Abfall‎ der‎ „pop-in load“‎ bei‎ kathodischer‎ Beladung,‎ was durch die 
Verringerung‎der‎Versetzungslinienenergie‎aufgrund‎des‎‎„defect‎acting‎agents“‎Konzepts‎erklärt‎
werden kann. Unsere Ergebnisse zeigen, dass der shielding-Effekt der Versetzungen für die 
Analyse des Bruchverhaltens von 3Fe Al  Legierungen in wässrigen Lösungen und 
wasserstoffhaltigen Umgebungen berücksichtigt werden sollte. 
Des Weiteren wurde die Wirkung von Cr auf passive Oxidschichten, elektrochemische 
Eigenschaften und die Neigung zu Loch- und Spaltkorrosion in Lösungen mit verschiedenen Cl   
Ionen Konzentrationen mit Hilfe verschiedener Methoden u.a. Polarisation, zyklische 
Voltammetrie, Impedanz Spektroskopie und Mott-Schottky untersucht. 
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1 - Introduction 
Transition metal (TM) – aluminide intermetallics like TiAl, NiAl, FeAl and Fe3Al, have attracted 
considerable interest due to their unique properties such as high melting points, enhanced 
corrosion resistance, relatively low density, and utility as soft magnetic materials [1-3]. These 
ordered intermetallics have stoichiometry due to their strongly attractive chemical bonding 
between the bi-metallic species of the alloys. However, the energy of interatomic bonds differs 
from the early TM (TiAl, VAl) to the late TM alloys (CoAl, NiAl and FeAl). The calculated 
heats of formation for aluminides with equiatomic composition are plotted in Fig. ‎1-1 [4].  
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Fig. ‎1-1 
Fig. ‎1-1. Heats of formation for transition-metal aluminides (with equiatomic composition). Square and 
circle symbols are experimental and theoretical values, respectively [4]. 
 
The middle TM aluminides are shown to have the lowest degrees of ordering. For early TM 
intermetallics, the interatomic bonds between nearest transition metal neighbors are strong and 
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directional. For the case of late transition metal alloys, charge transfer from Al to the transition 
metal, and hybridization between Al sp and transition metal d-states is the driving force in 
bonding. It is the reason that in iron aluminides, for example, Fe-Al neighbors are energetically 
favored and, in contrary, Al-Al neighbors are avoided. These differences in bonding give rise to 
an FCC based crystal structure for early transition metal alloys and a BCC based crystal structure 
for late transition metal alloys.  
Aluminides were first aimed to be used at high temperatures instead of Ni-based super alloys. 
Hence, some of the thermo-mechanical properties of the aluminides have been reviewed and 
compared with the routine Ni-base super alloys in Fig. ‎1-2. The aluminides show six major 
advantages for high temperature structural applications over the Ni based super alloys. These 
advantages include: a) higher melting temperatures
1
, b) lower densities
2
, c) better oxidation 
resistance
3
, d) lower ductile to brittle transition temperature (DBTT), e) similar thermal 
expansion coefficient with the metals and f) the components are relatively inexpensive since 
they do not generally incorporate rare and strategic elements [5-8]. Three negative features of 
the intermetallics at elevated temperatures are: low strength and creep resistance, in addition to 
their high thermal conductivity. For example, the thermal conductivity of NiAl is about 4 to 8 
times greater than the Ni base super alloys, depending on temperature and composition. More 
information about the mechanical properties of intermetallics at high temperature exist in 
Appendix A.  
At low to moderate temperatures, most of the intermetallics suffer from poor ductility and 
fracture toughness (Fig. ‎1-2c) [9]. This feature impedes the wide usage of intermetallics 
significantly because the machining of alloys (at low temperature) becomes very difficult. In the 
B2 compounds, two slip directions were observed while the slip plane remains 110 . 100  is 
the slip direction for NiAl and CoAl [10] while the slip direction for FeAl and Fe3Al is 111 .  
                                                            
1 The melting temperatures define the upper limit of use temperature and are indicators of the temperature 
range at which diffusion controlled processes start to dominate. 
2 The lower densities (especially in the case of -TiAl intermetallics) result in lower operating stresses 
that make it possible to fabricate smaller and lighter components which, in turn, result in better engine 
accelerations due to the lower inertial mass of the rotating parts. 
3 The high aluminum content of intermetallics makes it highly resistant to oxidation and burning; ideal 
properties for the high temperature applications it has been targeted for.  
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Fig. ‎1-2 
 
Fig. ‎1-2. Mechanical properties of transition-metal aluminides [5-8]. Equiatomic composition (1 Fe:1 Al) 
are plotted in blue rectangles and 3 Fe: 1 Al compositions are plotted in red circles  
 
This difference influences the ductility of intermetallics significantly. NiAl and CoAl only have 
three independent slip systems, which is less than the minimum number of slip systems needed 
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for plastic flow of material in the polycrystalline materials base of the Von Mises criterion [11]. 
Therefore, no ductility is expected for these alloys. 
Since the number of slip systems in the Fe-Al intermetallics is more than the required five 
independent slip systems, iron aluminides are more ductile. Liu et. al. [12] showed that FeAl is 
intrinsically ductile, since 36.5 at.% Al FeAl was shown to have ductility of 17.6% in dry 
oxygen. Afterward, the iron aluminides attract a huge interest for substitution with the routine 
stainless steels. In Fig. ‎1-3a, it is shown that the iron aluminides have much higher yield stress 
for a wide range of temperatures and the cost of production of alloys (Fig. ‎1-3b) is much less for 
such a low-density material. Furthermore, iron aluminides allow for the conservation of less 
accessible elements such as nickel and molybdenum. These advantages have led to the 
consideration of many applications, such as brake disks for windmills and trucks [13], filtration 
systems in refineries and fossil power plants [14], transfer rolls for hot rolled steel strips, and 
ethylene crackers and air deflectors for burning high-sulfur coal [15]. In general, increasing the 
Al concentration decreases the density of materials and enhances the protective oxide layer at 
high temperatures [16 and 17]. Fig. ‎1-3c shows extremely better resistance of iron aluminide 
against high temperature oxidation in comparison with 304 stainless steel. However, existence of 
high aluminum concentration has negative side effects. The reaction of reactive Al atoms with 
water results in production of hydrogen atoms which are responsible for the low ductility of Fe-
Al based intermetallic alloys [18 and 19] (Fig. ‎1-4), especially those with higher concentrations 
of Al [20 and 21]. Furthermore, high sensitivity of the alloys to localized (pitting and crevice) 
corrosion in Cl containing solutions is another shortcoming of the alloys.  
Numerous methods to enhance ductility have been proposed and implemented, for example 
including the formation of protective oxide layers on surfaces by pre-oxidizing the samples and 
grain structure refinement by either thermo-mechanical treatment or second-phase particles 
(alloying with Zr, B and C to form zirconium borides and carbides). The other, more popular, 
method to increase the ductility of alloys is the addition of ternary alloying elements like 
chromium. McKamey et. al [22] observed an approximate 8-10% increase in ductility at room 
temperature with the addition of 6 at.% chromium. In general, the reasons for the increased 
ductility are thought to be caused by: i) the influence of Cr on the bulk properties of binary 
alloys, like facilitating the dislocation cross slipping, solid solution softening and an increment in 
cleavage strength of alloys, and/ or ii) the effect of Cr on the surface properties through the 
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contribution of chromium oxide into the passive layers and the decrement of the kinetics of water 
reduction reactions, which leads to the reduction of hydrogen formation/adsorption [23-25]. The 
constructive effect of chromium on the physico-chemical properties of the passive oxide layer 
was shown in iron base alloys [26 and 27] and also Fe-Al-Cr intermetallics [28 and 29].  
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Fig. ‎1-3 
Fig. ‎1-3. a) Yield stress of Fe3Al in comparison with SS304 at 25-800 °C [30]. b) Prices of different 
alloying elements [31] c) Oxidation rate of Fe3Al [32] in comparison with SS304 at 1000 °C [33]. 
However, successful application of Fe3Al– xCr alloys in industry strictly depends on our 
fundamental understanding of the effect of alloying elements on their mechanical and 
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electrochemical properties, in different environments. Hence, we added different concentrations 
of Cr to the 3Fe Al  intermetallics where the Al concentration was held constant. Our target is a 
more in-depth analysis of the effect of chromium on: 
1) different mechanical properties consisting of Young’s‎modulus,‎Gibbs free energy needs for 
homogeneous dislocation nucleation, hardness and dislocations mobility. 
2) mechanism of hydrogen embrittlement based on fundamental mechanics.  
3) electrochemical characteristics of the passive layer, such as the electronic behavior, thickness 
and effective capacitance of passive layer, protectivity of oxide layers and their resistance to 
pitting corrosion. 
 
Fig. ‎1-4 
Fig. ‎1-4. a) Shows low ductility of Fe-Al aluminides. b and c) Cleavage like fracture surface of a 
Fe26Al0.5Cr intermetallic after doing tensile test in air. 
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2 - Literature review 
2.1. Characteristics of Fe-Al intermetallics 
2.1.1. Phase diagram 
Iron‎ aluminides‎ have‎ been‎ widely‎ studied‎ since‎ the‎ 1930’s,‎ when‎ the‎ excellent‎ oxidation‎
resistance was first noticed [34 and 35]. Afterward, numbers of papers have been published to 
determine the Fe-Al phase diagram using different methods like dilatometric measurement [36], 
electrical resistivity and specific heat measurement [37 and 38], X-ray diffraction methods [39], 
Elastic modulus and magnetic properties of alloys [39-41]. The first well accepted binary Fe–Al 
phase diagram was reported in the 90
th
 [42]. Afterwards, the phase diagram was intensively 
studied with the TEM [43]. The phase diagrams essentially have a common form (Fig. ‎2-1), 
though the phase boundaries and transitional temperatures differ slightly in various literatures. 
The different phases and transitional temperatures are listed in Table ‎2-1 and Table ‎2-2 
respectively. In the phase diagram some of the solubility lines are plotted with dashed lines like
3A2 A2+D0 and 3D0 B2  
boundaries (known as K1
4
and K2 respectively), because they are still 
not well determined. 
 
Fig. ‎2-1 
Fig. ‎2-1. Fe-Al phase diagram [44]. 
                                                            
4 K state for German combination of Komplex-Zustand. 
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Table ‎2-1 
Table ‎2-1. Different Fe-Al phases  
Phase Label in Fig. ‎2-1 Pearson 
symbol 
Space 
group 
Prototype Lattice parameters Ref. 
Liquid L       
Al  Al  4cF  3Fm m  Cu  a0=b0=c0=4.0500  
 FCC Fe  Fe  4cF  3Fm m  Cu  a0=b0=c0=3.6599 [45] 
BCC  Fe   2A pm 5-  2A fm 6 2cI  3Im m  W  a0=b0=c0=0.28665 [45] 
3Fe Al  30D  16cF  3Fm m  3BiF  
a0=b0=c0=2*0.2895 [46] 
FeAl  2( )B pm  8cP  3Pm m  CsCl  a0=b0=c0=0.29100 [45] 
5 8Fe Al   28D  52cI  43I m  5 8Cu Zn  n.a. [47] 
2FeAl  2FeAl  18aP  1P  2FeAl  a0=0.4872 
b0=0.6459 
c0=0.8794 
α=91.76 
β=73.35 
γ=96.89 
[45] 
2 5Fe Al  2 5Fe Al  ?oC  Cmcm   a0=0.7652 
b0=0.6463 
c0=0.4229 
[45] 
4 13Fe Al  4 13Fe Al  102mC  2C m   n.a. [45] 
 
Table ‎2-2 
Table ‎2-2. Phase transitional temperatures of different iron aluminides [48-51]. 
2L B    1232 1222 1231 1222 1226 
2 5L Fe Al   1169 1157 1155 1155 1154 
2 5 2Fe Al FeAl    1165 1155 1146 1155 1153 
2 5 4 13L Fe Al Fe Al   1160 1151 1149 1153 1151 
22B FeAl    1102 1115 1092 1094 1089 
4 13L Al Fe Al   655 654  654 654 
 
The‎reason‎for‎this‎uncertainty‎is‎the‎anomaly‎in‎the‎physical‎properties‎like‎Young’s‎modulus,‎
thermal expansion and electrical resistance in this range of concentrations. The origin of the 
irregularity is not yet clear. However, possible explanations including other long-range ordered 
                                                            
5 paramagnetic 
6 ferromagnetic 
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states, short-range ordering, two-phase structure, carbide precipitation and quenched-in 
vacancies are proposed [41, 52-54].  
Fig. ‎2-1 shows the extension of the solid solution of aluminum in iron from 0 to 45 at.% Al at 
high temperatures. At low temperatures, this region is subdivided into three separate parts. The 
first part consists of disordered alloys up to 18.75 at.% aluminum at room temperature. The 
FeAl  (B2) and 3Fe Al  (D03) phases are ordered forms on the body-centered cubic (BCC) lattice 
and are separated from the disordered A2 phase by first- or second-order transitions. Al reach 
intermetallics like 2 2 5FeAl , Fe Al  and 4 13Fe Al  have lower density in comparison with FeAl  and 
3Fe Al  but are not good candidates for structural applications because of their small homogeneity 
ranges, complex crystal structures and brittle behavior. Therefore, we will not focus on them in 
this text.  
X-Ray diffraction method was used for studying the distribution of iron and aluminum atoms in 
the crystal lattice of FeAl  (B2) and 3Fe Al  (D03) phases [39, 55 and 56]. The lattice sites in a 
unit cell are classified into three kinds: ,     and   as illustrated in Fig. ‎2-2a. The probability for 
each one of these lattice sites to be occupied by an aluminum atom at room temperature has been 
plotted against the aluminum composition, as seen in Fig. ‎2-2b. In the FeAl  (B2) crystal lattice, 
in the stoichiometric composition, the Fe atoms occupy the  sub lattice, whereas the Al atoms 
occupy   and   sublattices. In the 3Fe Al  (D03) structures, the Fe atoms occupy both   and   
sublattices, while the Al atoms occupy the   sublattice. In a D03 structure, each Fe atom on the 
  sublattice is surrounded with four Fe and four Al atoms as nearest neighbors (NN), but the Fe 
atoms on the   sublattice and the Al atoms on the   sublattice have eight Fe atoms as NNs. 
This difference causes a significant influence in the defects’ formation energies [57].  
 
2.1.2. Point defects in the super cells 
The B2 structure has the ideal stoichiometry of 50 at.% Fe- 50 at.% Al and the D03 super 
structure has the ideal stoichiometry of 25 at.% Fe- 75 at.% Al. However, a deviation in the 
concentration of FeAl and 3Fe Al  was seen in the phase diagram. It could be accomplished by 
the existence of vacancies and/or formation of anti-site defects. The type and concentration of 
the point defects are important issues in Fe-Al intermetallics because the constitutional 
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vacancies, or anti-sites, influence thermo-mechanical, magnetic and electrical properties of the 
intermetallics. The point defects controlled the diffusion-assisted processes, such as creep. The 
effect of quenched-in thermal vacancies on solid solution strengthening and hardness of alloys 
was studied in detail in references [1, 58-62]. It was shown that vacancies could act as obstacles 
to dislocation movement. Additionally, strong interactions between structural defect and 
hydrogen could significantly influence the hydrogen concentration and penetration rates in the 
iron aluminides and causes severe mechanical degradation. Furthermore, the knowledge of point 
defect energetics is essential for the proper estimation of the formation (excess) energy of 
extended 1D or 2D defects, such as dislocations or grain boundaries, with local off-
stoichiometry. 
Point defect structure in intermetallics has been studied extensively by various theoretical 
methods like nearest-neighbor pair-wise interactions [63], embedded atom potentials [64] and 
local-density-functional (LDF) model [65]. Fu et. al. [65] used the LDF model to estimate the 
formation energy of different defects. With consideration of non-interacting defects in the B2 
FeAl, the energy of a Fe and Al mono-vacancy ( FeV and  AlV ) was calculated to be 0.97 eV 
and 4.00 respectively. The anti-site defect formation energy at the Fe and Al (  AlFe and  FeAl ) 
was calculated to be 1.04 eV and 0.95 eV respectively.  
 
Fig. ‎2-2 
 
Fig. ‎2-2. a) Atomic arrangement in a B2 super lattice. b) Occupation probabilities of the lattice sites by Al 
atoms in the Fe-Al system [55 and 56]. 
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The low formation energies of anti-sites and also  FeV cause high concentration of these forms of 
defects. In fact,  FeV and  FeAl are dominant defect types for Al rich FeAl. For Fe-rich FeAl, on 
the other hand, the constitutional  AlFe sites are the main defect type. However, the presence of 
 AlV is not thermodynamically favored due to its very high energy of formation. 
Based on the defect formation energies (DFE), four various forms of point defects could exist 
on the D03 sublattices; Fe atoms on the β sublattice (anti-site Fe atoms), Al atoms on the α 
sublattice (anti-site‎Al‎ atoms)‎ and‎ vacancies‎ on‎ the‎ α‎ or‎ β sublattice. The effective formation 
energies of all different local defects including vacancies and antisite atoms vary only slightly 
with composition in D03 structures, and it is in contrast with the DFEs in B2 structures. 
However, due to the lower vacancy formation energies in the  FeV   in comparison with 
FeV    (1.25 and 2.27 eV respectively), the probability of the  FeV   is much higher. 
Additionally the calculated formation energy of  AlV  is around 1.4 eV, therefore, formation of 
 AlV  along with  FeV   is possible.  
Along with studying the thermodynamically stable types of defects, the kinetic of defect 
formation or annihilation is also important. The A2 crystal structure has a much larger vacancy 
formation enthalpy
7
, which leads to a much lower vacancy concentration in comparison to the 
ordered structures (Fig. ‎2-3a). The lowest enthalpy and, therefore, the highest concentration of 
thermal vacancies can be found for the B2 crystal structure [54]. The D03 structure will have a 
lower thermal vacancy concentration (in compare with B2 structure); it is what we could expect 
based on the DFE calculations. In reality, however, the vacancy concentrations are well above 
the predicted values based on the theoretical calculations. This is due to the interaction of 
different vacancies and sub-lattices, which form defect clusters. The higher effective formation 
volume of the defects in the B2 phases (1.4Ω), in comparison with one atomic volume Ω, was 
observed in reference [66]. In the ordered B2 phase, the main defect types are changing from 
triple defects at low temperature to double vacancies at higher temperature and Al content [66]. 
                                                            
7 According to Morris [54] the effective vacancy formation enthalpy could be obtained from a 
logarithmic plot of measured vacancy concentrations vs. the inverse of the absolute temperature 
(Fig. ‎2-3b).  
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Fig. ‎2-3 
 
Fig. ‎2-3. Vacancy concentration of Fe-Al alloys based on the experimental approaches [54], b) Vacancy 
formation enthalpy for Fe-Al alloys as a function of Al concentration and according to the state of order 
of the materials (i) [67], (ii) [68], (iii) [69], (iv) [69] and (v) [70]. 
 
At aluminides with less than 35 at.% Al the type of defects at low temperatures are mostly mono-
vacancies. Fig. ‎2-3b shows the variation of the equilibrium vacancy concentration ( vC ) of 
samples with different concentrations of Al at various temperatures based on the experimental 
approaches. The vC  in the materials can be evaluated as follows [71]: 
 
exp
f f f
v v v
v
B
E pV TS
C
k T
  
  
  
 
 
 
 
Eq. ‎2-1 
 
 
 
where p is the pressure, fvE , 
f
vV and 
f
vS  are the energy, volume and entropy of formation of a 
vacancy, respectively. Clearly, the increase of either temperature or aluminum content will 
increase the vC .   
The migration enthalpy of the defects increases with increasing Al concentration, at a constant 
temperature, and the migration of vacancies seems to be very slow especially for the high Al 
content alloys. Because, in ordered alloys, unlike pure metals in which self-diffusion occurs by 
random vacancy motion, self-diffusion is not possible since it would disrupt the ordering. 
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Therefore, diffusion occurs mostly via nearest neighbor jumps into vacant sites
8
. However, both 
high migration enthalpy and low formation energy of vacancies dictate the existence of large 
concentrations of thermal vacancies at high temperatures and quenching of these thermal 
vacancies is easy. 
 
2.1.3. Dislocations in Fe-Al 
Yielding in B2 Fe-Al intermetallics at room temperature occurs due to slip along 111  slip 
planes. The Burgers vector of the B2 superlattice dislocation is two times longer than that of an 
ordinary dislocation in the BCC structure. The super lattice dislocation splits into two super-
partials, each with a 2 111a burgers vector (b ) and separated with an anti-phase boundary 
(APB) [72].  
In Fe3Al with D03 structure, a superlattice dislocation with burgers vector of 111 is known to be 
dissociated into four superpartial dislocations with 4 111b a , bound by two types of 
antiphase boundaries (APBs): the nearest-neighbor APB (NNAPB) and the next-nearest neighbor 
APB (NNNAPB) [51] (Fig. ‎2-4). As it is clearly shown in Fig. ‎2-4a, after initiation of the forth 
super partial, no APB will be left behind. However, uncoupled and paired superpartials glide 
trailing the NNAPB and NNNAPB, respectively. Saburi et. al. [72] observed that the dislocations 
in this D03 type of order were found to glide as single 2 111a  dislocation leaving NNNAPB 
behind, additionally Yasuda and Umakoshi [73] observed the movement of the uncoupled 
4 111a superpartials, which will leave an NNAPB behind. This was attributed to the relatively 
low energy of these APBs in Fe3Al. With an Al concentration above 25at% the APB energies 
increase as long as a homogeneous D03 structure is present in Fe-Al alloys [73]. The preferred 
slip plane for both B2 and D03 is {101}. The frequent short distance double cross-slip processes 
onto {112}-planes and back onto {110}-planes was observed as well [74 and 75]. It produces 
wide slip bands in localized areas at temperatures below 350 K, while adjacent areas remain free 
                                                            
8 The possible diffusion mechanisms in the B2 structures are single vacancy transport, triple defects 
mechanism and the six-jump cycle. The six-jump vacancy model allows diffusion to occur exclusively 
by nearest neighbor vacancy jumps. The most probable mechanism of diffusion depends on 
temperature, stoichiometry and ordering energy of the compound. 
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of mobile dislocations. The prominent screw character of dislocations was seen, as well as a 
great number of dipoles in the deformed areas, which resulted from frequent cross-slip events. 
 
Fig. ‎2-4. a) shows, schematically, the initiation of partial dislocation and formation of anti-phase 
boundaries. Dislocation structure in b) Fe25.0Al and c) Fe28.0Al [51]. 
 
2.1.4. Alloying elements 
To improve the mechanical, thermal or electrochemical properties of binary Fe-Al intermetallics, 
we can add some different selected alloying elements to the binary alloys. Some metallic alloys 
like Si, V, Cr, Mn, Co, Ni, Cu and Zn have large solid solubility [52 and 76] and some others 
like Zr, Nb and Ta have restricted solid solubility in Fe-Al [77]. The effect of metallic 
substitutional atoms, and interstitials, like boron [78] and carbon [79-81], on the mechanical and 
corrosion properties of Fe-Al alloys were studied at different temperatures. However, a summary 
a 
b c 
    
Fig. ‎2-4 
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about the effects of various alloying elements on the mechanical behavior of Fe–Al based alloys 
is presented in the appendix A. 
Here we will limit our discussion to the highly soluble Cr atoms with maximum concentrations 
less than the solubility limits, in other words, those which make solid solutions. It is generally 
accepted that addition of Cr could increase the ductility of alloys in humid atmospheres [22]. 
Additionally, beneficial effect of Cr on the chemical and mechanical properties of the passive 
layer in iron base alloys was shown earlier [26 and 27]. The passive layer formation on Fe–Cr 
alloys, under electrolytic conditions, arises by simultaneous oxidation of the Fe and Cr, coupled 
with selective dissolution of Fe. The enrichment of chromium on the surface significantly 
influences the electrochemical behavior of alloys. Cr doped iron aluminides have the tendency to 
broaden the passivation region and reduce the sensitivity of alloys to pitting corrosion in the Cl  
containing solutions [28 and 29]. 
Palm determined, experimentally, an isothermal section for the Fe–Al–Cr system at 1000 °C 
[76]. He did not find any ternary intermetallic phases, because the binary phases can dissolve 
considerable amounts of the third component and the substitution does not make any changes in 
the crystallographic structures.  
Addition of the Cr as a ternary element significantly increases the complexity of the super lattice. 
To have just one Cr atom in a single super cell consisting of 16 atoms, there should be more than 
6 at.% Cr in the material. And in the case of samples with 0.5 at.% Cr, we should define a super 
cell with more than 128 atoms to have just one atomic Cr in the cell. Friak et. al. [46] calculated 
the site preferences of the chromium atoms in the D03 structures based on the formation energies. 
It was shown that the formation energies are -185, -175 and -156 (meV per atom) for the ,     
and   sub-lattices, respectively. It shows that the sub-lattice sites are preferred by Cr. This is in 
agreement with experimental neutron-measurement data [82]. The addition of Cr to lattice 
influences the lattice constants. Some experimental measurements [83] and theoretical 
calculations show a linear reduction of the lattice constant with increments of Cr concentrations, 
while other experiments show very slight increments [82].  The addition of Cr on ordering 
kinetics and dislocation configurations is not very significant [84]. The effect of Cr on the APBs 
is also still a matter of debate. When Kral et. al. [85] found increased APB energy with Cr 
addition, McKamey et. al. [22] found that Cr addition reduce the APB energy. Morris et. al. [74] 
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did not observed differences in the APB energies with Cr addition. Therefore, more experiments 
and simulations are needed for precise conclusion about the Cr effect on APB energies. 
 
Fig. ‎2-5 
 
Fig. ‎2-5. Shows solid solubility of Cr in Fe-Al at 1000 oC [76]. 
 
 
  
17 
 
2.2. Hydrogen Embrittlement (HE) 
 Hydrogen embrittlement causes severe mechanical degradation of various materials [86] and 
especially aluminides [12, 22, 87]. In iron-aluminides, the environmental embrittlement was 
considered as a major cause for the low ductility at ambient temperatures and in air. High 
reactivity of Al atoms with the moisture in air creates hydrogen, and it is the resulting hydrogen 
atoms that are then responsible for the lowered ductility. At the crack tips, this reaction results 
in embrittlement due to the formation of the atomic hydrogen, which penetrates the crack tips.  
 
2.2.1. Mechanism of Hydrogen Ingress 
Although there are many promising results with the effects of hydrogen on the mechanical 
properties of iron-aluminides, the mechanism by which hydrogen enters the metal and assists 
cleavage, and how far ahead of the crack tip it needs to be transported, is not yet completely 
understood [88]. In the following, we will explain the sequences of hydrogen formation/ 
penetration in more detail.  
First, the corrosion of aluminum causes water reduction reaction in aqueous environments or 
moist atmospheres. The consequence of the electro-chemical reactions can be written as 
follows:  
33Al e Al    
 
Eq. ‎2-2 
 
23   adsH O Al e AlH OH
        
 
Eq. ‎2-3 
 
Next, Hydrogen is adsorbed (Hads) at the metallic surface as atomic hydrogen. Then, a part of 
atomic hydrogen recombines chemically (Tafel reaction Eq. ‎2-4), or electrochemically 
(Heyrovsky mechanism Eq. ‎2-5) to form molecular hydrogen, H2, which leaves the metallic 
surface [89]. The molecular hydrogen does not cause severe embrittlement, possibly as a result 
of its lower activity in comparison to the atomic hydrogen.  
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22ads adsAlH AlH Al H    
 
Eq. ‎2-4 
2 2adsAlH H O e Al H OH
       
 
Eq. ‎2-5 
 
A part of Hads will undergo an absorption (Habs) reaction inside the material (Hads ↔‎Habs). The 
passage of atomic hydrogen through the alloy/solution interface depends on the surface coverage 
(θ)‎and‎also‎the‎number‎of‎available‎sites‎ in‎ the‎subsurface‎that‎ the‎hydrogen can occupy. The 
consequence is the accumulation of hydrogen under the interface, leading to a concentration C0. 
Density functional theory-local density approximation calculations [90] in addition to periodic 
density functional theory calculations within the generalized gradient approximation [91] 
predicted that hydrogen sits at tetrahedral sites in the bulk FeAl lattice, like its interstitial sites in 
bulk Fe [92]. Hydrogen diffusivity in iron-aluminides is lower than in pure Fe [93-95]; and the 
activation barrier varies from 0.42 eV [93], 0.22 eV [96] and 0.26 eV [91] for Fe25Al, Fe40Al 
and Fe50Al, respectively. Electrochemical permeation tests [97-99] found that H diffusivity in 
Fe-Al alloys decreases with increasing Al content. The diffusion coefficient at room temperature 
was measured to be
8 210 m s  [100] for Fe,
11 210 m s  [94 and 97] for Fe18Al, 
13 21.45 10 m s  
[94] for Fe25Al and 
13 24.4 10 m s  [95] for Fe40Al. More recent measurements at room 
temperature show an effective diffusion constant of 10 25.57, 5.07, 4,46, 3,62& 2.25 10 m s  for 
Fe-[37, 40, 43, 46& 50] Al Fe 37,  40,  43,  46&  50 Al  respectively [98]. Reported new 
experimental diffusivity data for Fe-Al alloys vary significantly from the older data, presumably 
due to experimental uncertainties, varying Al concentration, impurities and microstructural 
differences [91]. Additionally, increasing the chromium content of iron [101] or iron aluminum 
[94] decreases the diffusion coefficient and increases the solubility of hydrogen. Since the heat 
of absorption decreases and d-vacancies increase with substitution of iron with chromium [101].  
For the passivated materials, the transport of hydrogen through the passive layer is driven by the 
electric potential gradient and the hydrogen concentration gradient [102] in contrast to the 
transport of hydrogen in bulk materials, which is controlled mainly by the concentration 
gradients. The ionic characteristic of hydrogen atoms (protons) in oxides [103] makes a strong 
columbic interaction between hydrogen- oxygen ions. It may cause a very high concentration of 
hydrogen in the oxide in comparison with bulk metal or the metal /oxide interface. For iron, the 
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ratio of hydrogen concentration in oxide to bulk is measured to be ca. 610  [102]. The transport of 
hydrogen within the oxide must occur by the activated jumping of a proton from one oxygen ion 
to another [104], and the necessary breaking of the coulombic bond with the initial oxygen ion 
causes the mobility of hydrogen in an oxide to be considerably lower than that in the metal 
phase. Therefore, in the case of Fe, for example, the hydrogen diffusivity in the iron oxide layer 
is much less than that in iron (around 
14 210  m s  [102 and 105]). Based on the density 
functional theory simulation [106], existence of an Al2O3 layer on the FeAl bulk material 
suppresses the mobility of hydrogen atoms. Diffusion of the adsorbed hydrogen atoms from the 
outer part of solution/oxide layer into the 2 3α - Al O layer is thermodynamically unfavorable, 
endothermic and rate controlling. In contrary, the H diffusion from the inner part of 2 3α - Al O  to 
the oxide/bulk interface, as well as from the interface into the bulk of the FeAl, is a 
thermodynamically spontaneous, and exothermic process [106]. It should be mentioned here that 
the diffusion mechanism through the passive layer and also the passive layer/ bulk metal 
interface is still largely unknown and has, so far, not been completely explored in published 
papers. Due to the existence of high donor densities in the passive layers [107], it has 
semiconductive behavior and the real thermodynamics and kinetics of hydrogen diffusion may 
be far from the predicted values based on simulations or the measurements performed on 
aluminum-reach coatings [108]. Though, the semiconductive properties of the oxide layer result 
in a rectification effect which is the easy movement of current carriers (i.e. electron and protons, 
H
+
) from the oxide/electrolyte towards the metal/oxide interface. It eases the reaction of the 
absorbed H
+
 ions with the Al substrate at defect sites, which follows with the oxidization of the 
Al and reduction of H
+
 [109]. Therefore, an increase in hydrogen diffusivity can be expected 
with an increase in the density of defects and distortion of the long-range order of oxide film. 
 
2.2.2. Hydrogen interaction with defects 
Earlier we studied different types of defects, which may exist in the intermetallics. However, any 
kind of lattice defect inside the material could work as a trap for hydrogen atoms and 
consequently a greater number of hydrogen atoms can be introduced into the metal. It was shown 
earlier [110] that along with the conventional hydrogen solubility in the lattice matrix, there are 
trap sites for hydrogen atoms on the surface, in subsurface sites, at dislocations (especially edge 
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dislocations), grain boundaries and vacancies. The binding energies between hydrogen atoms 
and each of the mention sites vary. Accordingly, the traps are divided into reversible and 
irreversible, or low and high energies, respectively. Table ‎2-3 lists different defects and their 
energies. 
Table ‎2-3 
Table ‎2-3. Binding energies of various traps in Fe and Al 
Host material Type of trap Binding energy 
(eV) 
Reference (s) 
Fe   Vacancy 0.63, 0.48 [111 and 112] 
 substitutional (Ti ) 0.19 [111] 
 interstitional (C) 0.03 [111] 
 interstitional (N) ˃ 0.13 [111] 
 Grain boundary 0.10 [112] 
 Dislocation elastic stress 
field 
0.21 [112] 
 Dislocation core 0.61 [112] 
 Free surface 0.73 [112] 
BCC carbon steel Fe3C phase interface 0.11 [111] 
Al Vacancy 0.52, 0.53 [111, 113-115] 
 Grain boundary 0.15 [111] 
 Al2O3-Al phase interface 0.7,1.0-1.4 [111] 
 
The total hydrogen content in a metal at a defined temperature ( HTC ) is the sum of the solute 
hydrogen atoms ( HLC ) and the trapped atoms at different defects [92]. 
H H H H H
T L j jj
C C k n N   
 
Eq. ‎2-6 
 
Where Hk is a constant, 
H
jn and 
H
jN are the fraction of trap sites filled with hydrogen and the 
total number of trap sites per unit volume, respectively. For the dislocations 1HdisN b 
 , here b
and  are the burgers vector and dislocation density, respectively. For the grain boundaries, the 
total number of trap sites per unit volume could be estimated as
2H
gb gbN b L
 , where gbL is the 
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length of grain boundaries per unit area of observation. According to Hirth [92], the trapping 
effect is measureable for a trap density of 10
23
 m
-3
 or more, and is negligible for smaller trap 
densities at temperatures below 550 K. Dislocation trap densities can exceed this value at room 
temperature, while recovery reduces the dislocation and trap densities.  
The presence of traps also influences the hydrogen diffusion coefficient in different ways. 
Substitutionally dissolved impurities accelerate the hydrogen diffusion [111], which relates to 
reduced vacancy formation energy in the excess volume of the boundary. In contrast, the 
hydrogen diffusion does not rely on vacancies [111]. The effect of interphase and grain 
boundaries on the hydrogen transport was studied in different materials and especially in Pd [110 
and 111]. At moderate hydrogen concentrations ( 3 210 10HC
   ), it was shown that the 
hydrogen diffusion coefficient in the α phase of nano-crystalline Pd is close to that in‎the‎α phase 
of single-crystalline Pd. The diffusion coefficient seems to be constant in the single-crystal, 
while it increases with the enhancement of hydrogen concentration in nano crystalline sample. 
Close to the solubility limit ( 210HC
 ), the diffusion coefficient is increased by approximately 
one order of magnitude, but at small hydrogen concentrations ( 310HC
 ) the hydrogen 
diffusivity is decreased by approximately one order of magnitude [111]. Lower grain-boundary 
hydrogen diffusivity was related to the trapping effect of low-energy sites at grain boundaries 
[111]. 
However, for high purity single-phase single crystals the diffusion paths are either bulk diffusion 
or pipe diffusion along dislocations [88]. It is possible that the hydrogen does not enter the lattice 
by diffusion, but is transported into the lattice by gliding dislocations that originate at the 
surface. The‎“Cottrell‎atmosphere”, formed around dislocations, could simultaneously move with 
the dislocation during deformation and improve the transport of hydrogen, if the velocity of the 
dislocations is less than a critical value [116-118]. The critical velocity ( cv ) could be analytically 
calculated based on the following equation [119]: 
*2
expok k kc
blD Q F
v
RT RT
  
  
 
     
Eq. ‎2-7 
 
Eq. ‎2-7 
Here R ,T , okD , kQ and 
*2 kF  are gas constant, absolute temperature, pre-exponential term for 
kink diffusion, activation energy for kink diffusion and free energy of formation of a double – 
kink on a dislocation, respectively.  
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2.2.3. Mechanisms of hydrogen embrittlement  
HE has been recognized and researched for many of different materials as early as 1875 [120]. 
Since then, various mechanisms of HE were introduced. Though, it is highly unlikely that just 
one mechanism is capable of explaining hydrogen embrittlement. Different mechanisms may 
operate in different scales and the HE may be influenced by many variables such as 
environmental situation (like hydrogen concentration, existence of promoters
9
 and temperature), 
mechanical characteristics (e.g. level and type of applied or residual stresses) and material 
aspects (like microstructural stability of alloys, the strength of material and microstructural 
constituents and surface conditions).  
In some materials, marriage of the hydrogen and stress induce phase transition or make hydride, 
which follows with a cleavage-like fracture. The most sensitive alloys to the phase transition in 
the hydrogen environments are the Ti, Zr, Hf at the IVb column of the periodic table and V, Nb 
and Ta at the Vb column of the periodic table. 
Furthermore, the recombination of solute atomic hydrogen could produce gaseous hydrogen (
2H ) at the internal pores. The high pressure developed in the voids by formation of molecular 
hydrogen causes blister formation and crack propagation. Additionally, hydrogen itself could 
ease the creation and agglomeration of vacancies (especially under strain field of the crack front 
side), and promote formation and linking of microvoids [121]. 
However, the solute atomic hydrogen could also induce embrittlement in different ways. Some 
of the most cited mechanisms of the hydrogen embrittlement are listed below [122-124]: 
i) Hydrogen enhanced de-cohesion (HEDE). 
ii) Hydrogen enhanced local plasticity (HELP) 
iii) Adsorption induced dislocation emission (AIDE) 
iv) DEFect ACTing AgeNTS (defactants) theory 
In the following, the mentioned mechanisms will be explained shortly.  
                                                            
9 promoters eases the hydrogen adsorption. Different types of promoters are listed below:  
- Certain compounds of the following elements: phosphorus, arsenic, and antimony belonging to the V-A 
periodic Group, and sulfur, selenium, and tellurium belonging to the VI-A periodic group. 
- Anions like: CN- (cyanide), CNS- (rhodanide), and I- (iodide). 
-Carbon compounds: CS2 (carbon sulfide), CO (carbon monoxide),CON2H4 (urea), and CSN2H4 
(thiourea). 
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HEDE: considers the reduction of cohesive bonding strength between metal atoms as a result of 
hydrogen accumulation within the crystal lattices [125-129]. This mechanism of embrittlement 
plays a role especially at the places with high tensile stress, like the crack tip.  The effect of 
hydrogen on the de-cohesion could activate some other mechanisms of embrittlement, like 
internal hydrogen assisted cracking (IHAC) and hydrogen environment assisted cracking 
(HEAC), in high strength alloys.  
HELP: considers the effect of hydrogen on facilitation of the movement of dislocations. It is due 
to the formation of a Cottrel atmosphere around the dislocations, which shield the stress field of 
the dislocations and reduce the interaction between dislocations and other elastic obstacles. It 
also could lessen the stacking-fault energy, which enhances the tendency for slip planarity by 
increasing the separation distances between partials [123, 124 and 130-132].  
AIDE: is facilitation of the emission of dislocations from crack tips. Here, the term “dislocation 
emission” covers both the nucleation and the following movement of dislocation away from the 
crack tip. Based on the AIDE mechanism, crack growth under constant or monotonically 
increasing stresses occurs. This method does not only cover the dislocation emission from crack 
tip, but also nucleation and growth of microvoids ahead of crack tips. Nucleation and growth of 
voids at second phase particles and slip band intersections or other sites in the plastic zone occur 
because stresses required for dislocation emission are sufficiently high. Void formation 
contribution to crack growth serves to sharpen crack tips and results in small crack tip opening 
angles. However, crack growth occurs primarily by dislocation emission from crack tips [133]. 
DEFACTANTS: the mechanism of DEFect ACTing AgeNTS shelters the interaction between 
atoms segregating to defects in solids (like hydrogen) and reducing their formation energy in the 
way that surfactants reduce surface energies in liquids. If surfaces and interfaces in solids and 
liquids are considered to be defects of the continuum, surfactants are a subgroup of defactants 
[134 and 135]. For example, segregation of hydrogen atoms to dislocations reduces their 
formation energy. Consequently, the solute energy is reduced, and this interaction can be 
described by relating the decrease in the overall free energy to a decrease in the defect formation 
energy. Therefore, in the presence of hydrogen, the line energy of the newly formed loop and, 
hence, the formation energy of dislocations is reduced. Additionally, the effect of hydrogen on 
the creation of a high density of strain-induced vacancies has already been theoretically and 
experimentally shown [136 and 137].  
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2.2.4. Hydrogen embrittlement of Fe-Al intermetallics 
The marriage between the iron aluminides and hydrogen could be very problematic because of at 
least three reasons: i) High reactivity of Al atoms with the moisture in air creates high fugacity of 
hydrogen atoms; ii) Existence of a high concentration of point defects and especially vacancies 
(Fig. ‎2-3b) increases the solubility of hydrogen in the intermetallics, and enhances the influence 
of hydrogen on the mechanical properties; iii) The iron aluminides have a limited amount of 
ductility (and very high slip planarity) in comparison to metals, and an additional reduction with 
hydrogen charging will decrease the ductility of the binary iron-aluminums. Therefore, the effect 
of hydrogen on the ductility and crack initiation of iron aluminides was a subject of many of 
studies [138-141]. For single crystals of Fe–40Al tested in air, crack initiation occurred at the 
surface, producing elongations less than 1%. Specimens tested in an O2 atmosphere had 
internally initiated cracks, possibly at flaws, and elongations of ∼10% [138 and 141]. More 
recently Wittmann et. al. [88] studied the ductility of single-slip-oriented single crystals of Fe–
40Al. They also observed improved ductility when tested in vacuum versus air, but greater 
ductility in air (between 1.1-5.9%) compared with previously reported results for multiple slip-
oriented specimens. The elongations and fracture strengths are shown in Table ‎2-4.  
Table ‎2-4. Elongation and fracture strength of Fe-40Al in different environments after 
performing tensile test [88].  
Sample Elongation (%)  Fracture strength (MPa) 
Orientation Air Vacuum  Air Vacuum 
Edge 4.0 9.4  336 460 
 3.3 5.7  335 425 
 5.9 12.0  320 422 
Screw 1.1 3.0  235 435 
 2.6 10.8  335 495 
 5.7 10.1  345 470 
 
The scatter, shown in the results, is believed to be due to the small thickness of the tensile 
specimens. However, the ductility appears to be less in air than in a vacuum. Additionally, higher 
fracture strengths were seen in a vacuum. Wittmann et. al. [88] did not observe differences in 
environmental embrittlement of specimens oriented such that strain was predominately carried 
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by screw dislocations or edge dislocations. In contrary, results from tensile tests of Fe3Al single 
crystals, oriented in a way that the main strain was produced either by screw dislocations, or by 
edge dislocations, showed considerable ductility for the screw orientation in both air and 
vacuum, whereas the edge-oriented specimens showed little ductility in air [140]. Saka and 
Nishizaki [140] related this difference to the role of edge dislocations in transporting hydrogen 
into the Fe3Al lattice.  
The fracture in FeAl propagates mainly along the {100} plane in air [138 and 139]. In contrast, 
in a vacuum, fracture has been shown to occur along {111} for stoichiometric FeAl, and {100} 
for Fe–40Al, and Fe–35Al [138 and 139]. Munroe and Baker [142] proposed that the {100} 
cleavage that results from the interaction of two 2 111a  edge super partials may produce a 
sessile 100  edge dislocation on {001}. This edge dislocation can then act as a crack nuclei. 
Moreover, formation of the 100 edge dislocations may enhance absorption of hydrogen rather 
than two super partials [143]. 
The polycrystalline Fe-36.5Al was shown to have ductility of just 2.2% in air and 5.4% in 
vacuum while its ductility in dry oxygen could be as high as 17.6% [12] (Fig. ‎2-6). However, the 
fracture of Fe-Al polycrystalline materials seems to be dominated with the intergranular crack 
growth mechanism in moist environments, while the cracks will grow transgranularly in the 
Fe3Al structures.  
Table ‎2-4 
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Fig. ‎2-6 
 
Fig. ‎2-6. Stress-strain curves of FeAl intermetallics in different environments at room temperature [12]. 
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2.3. Oxidation and Corrosion of Iron-Aluminides 
The applications of the Fe-Al intermetallics require use in hostile environments, which results 
in a resistance to oxidation, sulfidation, salt and air corrosion at high temperatures. Binary iron-
aluminums containing almost 10 at.% Al could produce a homogeneous -alumina layer [16 and 
144]. This layer maintains its desirable oxidation resistance over a wide range of temperatures 
and in steam environments [145-149]. Increasing the Al concentration enhances the 
protectivity of oxide layer at high temperatures [16 and 17]. In the studies of the oxidation 
behavior of B2 aluminides, a parabolic oxide growth rate was observed at high temperatures 
[150]. It occurs by oxygen diffusing inward through the oxide, with oxide formation taking 
place at the metal/oxide interface. Oxidation resistance of aluminides can be improved by the 
additions of rare earth metals and transition metals like Cr
10
, Ti, Nb [52], Y and Ce [151]. 
However, addition of high concentrations of Mo or Zr may increase the corrosion rate of iron 
aluminides (Fig. ‎2-7) [52]. 
Furthermore, resistance to aqueous corrosion at low temperatures is essential for the 
applicability of iron aluminides without compromising their structural integrity. Remarkable 
enrichment of aluminium within the passive film [152] plays a beneficial role on the passivation 
of iron-aluminium intermetallics. A Pourbaix diagram of aluminum [153] provides information 
about the thermodynamic stability of different species as a function of potential and pH 
(Fig. ‎2-8). At room temperatures and in near neutral and Cl  free solutions, aluminum makes a 
protective insoluble oxide/hydroxide film [154-156].  However, the range of passivity varies 
with temperature, the specific form of oxide film present on surface, and with the presence of 
substances in the solution that can form soluble complexes or insoluble salts with aluminum 
[157 and 158].  According to the Pourbaix diagram, the corrosion rate increases as the pH moves 
away from the near-neutral condition. In alkaline environments, aluminum dissolves as 2AlO

. 
Additionally, aluminum is not resistant to corrosion in many acidic solutions and dissolves as 
Al
3+
 ions.  
Like other commercial Al reach alloys, iron-aluminum intermetallics have poor resistance to 
localized (pitting and crevice) corrosion in Cl containing solutions. The efforts of the 
                                                            
10 At the temperatures more than 1000oC, Cr2O3 is no longer stable and its evaporation will increase the oxidation 
rate of alloys (see Fig.  1-3c). 
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production of ''stainless'' aluminum or aluminum reach alloys, with a high resistance to localized 
corrosion in a chloride solution, is still impaired. 
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Fig. ‎2-7. Normalized values of weight gains of Fe-Al based intermetallics are air (zero line is the 
mass gain of Fe-26Al) [52]. 
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Fig. ‎2-8 
 
Fig. ‎2-8. Pourbaix diagram for aluminum at 25 °C [152]. 
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2.4. Introduction to the nanoindentation technique 
Recently instrumented-indentation technique or nanoindentation technique has gained enormous 
popularity because it represents the current-day version of the traditional hardness testing 
technique. Probing extremely small volumes during nanoindentation makes the technique, 
effectively, non-destructive. Furthermore, the small sample size simplifies the pre- and post-
characterization of the sample. The technique was first applied for the investigation of size 
effects [159-163] and thin films [164 and 165]. Furthermore, there is considerable interest in 
further development to extend the capabilities of the technique, such as evaluation of the 
mechanical properties of viscoelastic materials [166] or indentation in a variety of environments, 
including immersion in liquids [18, 109, 135, 167 and 168], high and low temperatures [169-
171] and etc.. This allows measurements to be performed in near natural/ industrial conditions. 
Typical dislocation densities in an annealed metal are in the range 10
10–1012 m-2 with 
dislocations spaced between 1 and 10 µm apart. Therefore, it is very probable to indent a 
dislocation free region. In this case the collected load-displacement (L-D) curves start with a 
completely elastic deformation segment. Beyond the elastic limit of a crystal, plastic deformation 
occurs by nucleation, propagation and multiplication of dislocations. The displacement burst, or 
pop-in, which appears after the initial elastic loading sequence of a nanoindentation experiment, 
correlates to the homogenous dislocation nucleation (HDN). This shows the capability of the 
nanoindentation technique to resolve the dislocation nucleation in samples with low dislocation 
density [172 and 173] and also extracting the activation energies required for dislocation 
nucleation [18, 109, 167 and 168]. Additionally, Oliver and Pharr popularized nanoindentation as 
a technique to extract elastic properties along with hardness using the measured L-D data [174]. 
In the following, the most popular methods used for analyzing different mechanical properties 
based on the L-D curves are explained in detail. 
 
2.4.1. Oliver-Pharr method for measurement of mechanical properties 
During the 90
th
, Oliver and Pharr re-introduced the stiffness equation(s) and demonstrated that 
this equation works for all axisymmetric indenters with any infinitely smooth profile. Based on 
their model, during the unloading segment, it is assumed that the deformation is completely 
elastic and the reduced elastic modulus ( rE ) can be measured by analyzing this part of the curve, 
according to Eq. ‎2-8 [175]. 
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Eq. ‎2-8 
 
Where S P h    is the slope of the load-displacement curve at the initial part of the unloading 
segment, cA  is the projected contact area evaluated from the contact depth ( ch ), and the tip area 
function, , is a correction factor depending on the tip geometry (1.034 for a Berkovich 
indenter). The calculated rE according to Eq. ‎2-8, is the reduced elastic modulus and is related to 
the‎ elastic‎modulus‎ and‎ Poisson’s‎ ratio‎ of‎ the‎ sample‎ ( E and ) and the indenter ( TE and T ) 
according to the following equation [174]. 
2 21 11 T
r TE E E
  
   
Eq. ‎2-9 
Eq. ‎2-9 
The nanohardness ( H ) was measured according to Eq. ‎2-10: 
max
c
P
H
A
  
Eq. ‎2-10 
Eq. ‎2-10 
where maxP is the maximum applied load.  
 
2.4.2. Pile-up and sink-in Behavior  
During nanoindentation, materials with limited elasticity accommodate the volume of the 
indenter by plastic flow of the material, eventually piling-up around the tip. It may cause over or 
under estimation of the contact area ( cA ) and, hence, influence the precision of the measured 
values of hardness or elastic modulus. The Oliver and Pharr analysis assumes that the material 
deforms elastically around the contact impression. However, in reality, plastic deformation can 
also occur in the surrounding material. Bolshakov and Pharr [176] used finite element modeling 
to study the interaction between tip and material. They modeled the indenter as a rigid cone with 
the same area-to-depth ratio as a Berkovich indenter, and assumed a frictionless interface 
between the indenter and the sample. In materials with a high ratio of reduced Young’s‎modulus 
to yield stress r
y
E

 
 
 
, the material surrounding the indent was found to pile-up around the 
indentation and increase the effective contact area. In materials with low r
y
E

ratio, the 
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surrounding material was sinking-in and, therefore, the effective contact area was less than 
expected. Work hardening favored sink-in behavior while the increment of dislocation (work 
hardening) does not influence the elastic modulus, but enhances the yield stress of materials. 
Pile-up (or sink-in) changes the real contact surface area and causes an over estimation of 
measured E or H. Based on the finite element simulation of nanoindents, a criterion was 
proposed for judging the probable under- or over-estimation of the contact area. According to 
this criterion, the pile-up effect becomes significant if the ratio of the final indentation depth (
fh ) to the indentation depth at the maximum force ( maxh ) is higher than the critical value of 0.7 
for a conical tip. This ad-hoc approach provides a tool for a rapid judgment on the possible error 
in‎ the‎ nanoindentation‎ hardness‎ and‎ Young’s‎ modulus‎ measurements. However, it does not 
provide a solution for correction of the error in the case of the underestimation of the contact 
area due to a large pile up. The most appropriate methods for correcting the pile-up effect on 
contact area estimations are based on subsequent imaging of the indents with high spatial 
resolution. 
 
2.4.3. Hertzian contact model 
The initial elastic deformation before pop-in could be used to extract the rE , according to the 
Hertzian contact theory. Hertz`s model is based on the linear theory of elasticity for frictionless 
contact surfaces. He first made his hypothesis that the contact area between two spheres is 
generally elliptical. Each body can be regarded as an elastic half space loaded over a small 
elliptical region of its plane surface. In his model, he ignores the existence of highly stressed 
regions beneath the contact area. However, it is shown that this model is promising for 
continuous surfaces at small strains or displacements [177]. Applicability of this technique is due 
to the fact that all indenters are approximately spherical at the tip, and hence the elastic 
interactions between tip and surface can be modeled with the Herzian contact theory. Using this 
model makes it possible to accurately analyze data without the influence of pile-ups. According 
to this model, the initial elastic loading segment prior to the displacement burst is predicted by 
the following equation [177]: 
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Eq. ‎2-11 
Eq. ‎2-11 
where h  is the penetration depth and R  is combined radius of tip ( 1R ) and surface ( 2R   for a 
flat surface). It can be calculated using Eq. ‎2-12.  
1 2
1 1 1
R R R
   
Eq. ‎2-12 
Eq. ‎2-12 
In this Equation, in order to be able to calculate the rE , we need to know the tip radius 1R . One 
method for precise tip radius measurement is the direct measurement of this value by means of 
the SEM or AFM techniques.  
 
2.4.4. Pop-in load analysis 
It is shown in experiments as well as simulations that the measured maximum shear stress at the 
pop-in load in a dislocation free area approaches the theoretical shear strength [178]. Hence, 
nanoindentation, unlike other mechanical testing methods, also allows dislocation nucleation 
events to be detected on well-prepared surfaces [179-182]. Clearly, indentation of the samples 
with high dislocation densities mainly activates existing sources of dislocations, such as Frank-
Read sources, where no pop-in occurs [168]. According to continuum mechanics and computer 
simulations, the maximum shear stress is applied on a point 0.48 times the contact radius, contact , 
below the sample surface. The position of this maximum shear stress (max)rZ  and its value ( max ) 
are calculated by Eq. ‎2-13 and Eq. ‎2-14 [135]. 
1
3
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3
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Eq. ‎2-14 
Eq. ‎2-14 
Based on classic dislocation nucleation theory [183], the free energy required for HDN can be 
calculated using the line energy of the newly formed loop disW  and the work for extending the 
dislocation loop (max)b  per loop area (
2r ) (i.e. the Peach–Köhler force [184]).  
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Eq. ‎2-15 
Eq. ‎2-15 
The first term on the right-hand side of Eq. ‎2-15 describes the energy required to create a 
dislocation loop of radius r  in a defect-free lattice and in the absence of any stress field. The 
second term represents the work done by the applied stress at the pop-in load ( max ) to expand a 
dislocation loop, i.e. the activation area under the applied stress for a given loop radius. The 
elastic self-energy for a full circular dislocation loop in an infinite elastic solid is given by: 
22 4
2
1 8
dis
b r
W ln
 
  
 
  
  
 
Eq. ‎2-16 
Eq. ‎2-16 
where  is the dislocation core radius. Considering Eq. ‎2-15 and Eq. ‎2-16,‎∆G‎can‎be‎rewritten‎
as follows:  
2
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Eq. ‎2-17 
Eq. ‎2-17 
Addition of interstitial hydrogen atoms or substantial atoms could influence the line energy of a 
dislocation with changing the  , b and . Accordingly, it may alter the shear stress ( max ) we 
need for dislocation nucleation. Therefore, nanoindentation is a very powerful technique for 
studying the effect of substantial and interstitials on the mechanism of dislocation nucleation, 
and for the energy needed for dislocation nucleation. Its application was studied earlier on 
copper [168], nickel [167] and aluminum [109], 316 and PPN treated alloys [185-188].  
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3 - Experimental 
3.1. Sample Preparation and Characterization  
Different features of the studied materials, like iron-aluminides and super duplex stainless steels, 
will be considered in this section. However, this part will also cover the characteristics of the 
standard samples for performing different types of calibrations.  
 
3.1.1. Fe-26Al-xCr 
The investigated Fe-Al intermetallics where produced by the Max-Planck institute in 
Düsseldorf, with the induction melting method in argon inert gas. The nominal compositions of 
the binary and ternary intermetallics in addition to the measured impurity content of alloys are 
given in Table ‎3-1. 
Table ‎3-1 
Table ‎3-1. Composition of Fe-26Al-xCr used in this study [41]. 
Fe at.% Al at.% Cr at.% Si wt.ppm S wt.ppm C wt.ppm N 
wt.ppm 
O 
wt.ppm 
P 
wt.ppm 
74 26 0 ⩽10 ⩽4  ⩽50  ⩽20  ⩽100  ⩽20 
73.5 26 0.5 ⩽10 ⩽4  ⩽50  ⩽20  ⩽100  ⩽20 
70 26 4 ⩽10 ⩽4  ⩽50  ⩽20  ⩽100  ⩽20 
69 26 5 ⩽10 ⩽4  ⩽50  ⩽20  ⩽100  ⩽20 
 
In all samples, concentration of aluminum remains constant at 26 at.%. Ternary atoms were 
substituted for iron atoms. The chemical compositions of selected alloys were analyzed in the 
Max-Planck institute by electron-probe microanalysis (EPMA), using a Cameca SX 50 
instrument [41]. It was shown that the compositions, determined by EPMA, are in good 
agreement with the nominal compositions within ±0.4 at.% [41].  
Different samples have been cut using spark erosion on cylinders with a diameter of 12 mm. A 
part of the as-casted materials were heat treated first at 1200 °C for 24 h in a vacuum with 
subsequent furnace cooling for homogenization. Afterward, one part of the homogenized sample 
was annealed at 400 °C for 168 h in a vacuum to make a 3D0 structure. Another part was heat-
treated in the B2 state at 750 °C for 72 h in air, and subsequently quenched in water.   
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3.1.2. Super duplex stainless steels 
The SAF 2507
®
 super duplex stainless steels (SDSS) were supported by OUTOKUMPU. The 
composition provided by the supplier is given in Table ‎3-2. The sample was in the solution 
annealed condition, having been heat treated at 1120 °C for 45 min and quenched in water. The 
ferrite‎ content‎was‎ 46%‎according‎ to‎ the‎ supplier’s‎ test‎ results.‎Cylindrical‎ samples (∅12 mm 
and 5 mm thickness) were cut from a slab by spark erosion method for performing in-situ 
hydrogen charging tests. 
Table ‎3-2 
Table ‎3-2. Composition of SDSS used in this study as provided by the supplier 
Element C Si Mn P S Cr Ni Mo N 
wt.% 0.016 0.23 0.79 0.021 0.001 25 6.98 3.82 0.27 
 
3.1.3. Samples for calibrations 
The nanoindenter’s‎ manufacturer,‎ Hysitron‎ Ltd,‎ provided‎ the‎ calibration‎ samples,‎ which‎
included high purity aluminum and fused silica. The mechanical properties of the samples in 
addition to the tips are listed in Table ‎3-3. 
Table ‎3-3 
Table ‎3-3. Materials properties of commonly used calibration standard materials when coupled with a 
diamond indenter 
Material Reduced elastic modulus  (GPa) Elastic Modulus (GPa) Hardness (GPa) Poisson's Ratio 
Diamond 1140 n.a > 100 GPa 0.07 
Fused Quartz 72 69.6 9.2 0.17 
Tungsten 322 412 6.6 0.28 
Aluminium 76 70.8 0.25 0.36 
 
3.1.4. Metallographic Preparation  
For all samples, the working surface was ground with 320, 600, 1200, 2500 and 4000 grit emery 
paper. For nanoindentation and AFM measurements, samples were polished with successively 
finer diamond paste from 3 µm to 0.25 µm using an Alogitech PM5 machine. Afterward, the 
samples were cleaned, first with ethanol and then by being submerged for ten minutes in a 50% 
ethanol-50% isopropanol ultrasonic bath. Finally, since a low- surface roughness and low- 
dislocation density is a prerequisite for AFM and nanoindenter measurement, samples were 
electropolished in order to remove the mechanically damaged layer on the surface after 
mechanical polishing. The parameters we used for the electropolishing are listed in Table ‎3-4. 
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3.1.5. Solution preparation 
All solutions were made from analytical-grade reagents and double distilled water. A borate 
buffer     3 3 2 4 7 2H BO 0.3 M , Na B O .10H O 0.075 M with the pH of 8.4 was used for in-situ 
nanoindentation tests, cyclic-polarization, electrochemical impedance and capacitance 
measurements. Sodium chloride, of various concentrations, was added to the borate solutions for 
polarization and galvanostatic measurements. All tests were carried out at ambient conditions. 
Table ‎3-4 
Table ‎3-4. Defined parameters for electropolishing of different samples. 
Material Voltage (V) Solution Temperature (oC) Time (s) Flow rate 
Al 42 A2 solution ˂10 10-20 15 
SDSS 30 
2 41M H SO methanol  10‎˂‎T‎˂20 10 15 
Fe-26Al, 
Fe-26Al-0.5 
28 
2 41M H SO methanol  10‎˂‎T‎˂20 10-30 20 
Fe-26Al-4Cr, 
Fe-26Al-5Cr 
29 
2 41M H SO methanol  10‎˂‎T‎˂20 10-30 20 
 
3.2. Characterization of samples  
Quantitative and qualitative characterisations of the samples were conducted using a wide range 
of instruments. The methods are described briefly in this section.  
Optical Microscopy: All optical microscopy of specimens were conducted using an Axiotech 
Zeiss optical microscope equipped with a differential interference contrast and an Olympus 
digital camera.  
Scanning electron microscopy: Zeiss ΣIGMATM -VP Field Emission Scanning Electron 
Microscope (FE-SEM), equipped with the energy dispersive X-ray (EDX) and EBSD detectors, 
was used to characterize the different samples. EDX analysis was performed with the brand new 
large area (20 mm
2
) Silicon Drift Detectors X-Max 20 SDD with Inca Energy 450 software 
package from Oxford Instruments, UK. Spectral resolution of these detectors is better than 129 
eV. Additionally, the Oxford Instruments AZtec
®
 EBSD system combined with Nordlys 
hardware was used for performing EBSD measurements. 
X-ray Diffraction (XRD): X-ray diffraction was performed in air, using a PANalytical X'Pert Pro 
MPD diffractometer. The x-rays were generated using a 40 keV accelerating voltage and a 40 mA 
current, with a copper target. The scan was run from 5° to 130° 2, with a step size of 0.05° 2 
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and a step time of 2 seconds. 
X-ray photoelectron spectroscopy (XPS): A Physical Electronics Quantum 2000 Scanning ESCA 
Microprobe was used to perform XPS measurements and analyze the surface composition of the 
freshly electropolished samples. A penning source was operated with 
+Ar  (2 keV) for XPS depth 
profiling. The sputter rate was calibrated by using an oxidized silicon wafer of known oxide 
thickness. Quantitative evaluation of spectra was carried out on the basis of standard spectra of 
oxygen and the alloying components.  
 
3.3. Electrochemical measurement 
A conventional three-electrode electrochemical flat cell inside a Faraday cage was used for 
performing the electrochemical tests. The surface area of specimens after installation in the cell 
was 0.92 cm
2
. A saturated calomel electrode (SCE) or a saturated KCl, Ag/AgCl reference 
electrode was used for the measurement of the potential of the working electrode. All potentials 
were converted and are reported compared to the standard hydrogen electrode (SHE). A 
reference electrode was connected to the cell through a Luggin capillary to avoid chloride 
contamination. A platinum foil with the surface area of 4 cm
2
 was used as the counter electrode. 
The working electrodes were left to stabilize at its free corrosion potential for at least one hour 
before starting the experiments. The DC and AC tests were performed using a Zahner IM6ex 
electrochemical testing system.  
 
3.3.1. DC measurements 
Cyclic voltammetry (CV): this technique is used to study the effect of Cr concentration on the 
electrochemical behavior of the 3Fe Al  intermetallics. CV measurements were performed on 
mechanically and also electrochemically polished samples, in a borate buffer solution. It was 
performed with the scan rate of 20  mV s .  
Polarization tests: the tests were performed with the sweep rate of 1.5 mV / s . The 
measurements were conducted in borate buffer solution with and without different contents of 
NaCl. 
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Galvanostatic tests: an anodic current of 
21 mA cm  was applied to the samples submerged in 
the borate buffer + 0.01M NaCl solution in order to check the mechanism of pitting and density 
of pits in different crystal orientations. Slew rate of the start phase was driven by the1 mA s . 
 
3.3.2. AC measurements 
Electrochemical impedance spectroscopy (EIS): EIS measurements were performed at different 
potentials from 0.54, up to1.04 VSHE, with 100 mV steps and frequencies from 20 kHz to 2 Hz, 
with voltage amplitude 10 mV . The EIS measurements were performed after reaching the 
steady-state current at each potential, i.e. after ca. one hour. The validity of all the EIS results 
was tested with the Kramers-Krönig transformation in order to check the three requirements 
formulated for the constraints of the linear system theory (LST), i.e. causality, linearity and 
stability.  
Mott-Schottky (MS): MS tests were performed by stepping the potential in the positive direction, 
from 0.04 VSHE to 1.04 VSHE, in 50 mV increments. The impedance was measured at one 
particular frequency after each 50 mV change of potential. The potential was then stepped and 
held at the film formation potential until the steady-state current was achieved. A total of three 
different frequencies were employed: 1000, 700 and 500 Hz. 
 
3.4. Atomic force microscopy (AFM): 
AFM characterization was performed, using the Bruker dimension 3000
®
 atomic force 
microscope (AFM). Ex-situ AFM was performed under contact and tapping modes and the in-
situ measurements in fluid were performed using only contact mode. A gold-coated cantilever 
with an ultra-sharp tip was used in this work for in-situ measurements. We tried to improve the 
image quality carefully by adjusting the integral, proportional and derivative (PID) gains. The 
gains (especially integral gain) were increased in small increments until noise was observed in 
amplitude feedback oscillations. Then, perfect gains were set by reducing the integral gain by  
10-15%, which significantly reduced the noise and also improved the quality of the images. 
Once all the parameters were properly adjusted, we started scanning the surface while the 
sample was covered with approximately 2 mm of electrolyte. During the scanning process, we 
applied cathodic potentials to the samples. The experimental setup was developed in our 
institute (Fig. ‎3-1) and consists of three electrodes, which are designed and produced to fit into 
40 
 
the AFM chamber. A platinum wire was used as a counter electrode and the reference electrode 
was an Ag/AgCl used to control the electrochemical potentials. Analysis of the data was 
accomplished using Gwyddion software.  
 
Fig. ‎3-1 
Fig. ‎3-1. a) Shows the experimental setup for in-situ AFM measurements. b) An AFM electrochemical 
cells with a sample installed at the center of the cell. 
3.5. Nanoindentation 
Nanoindentations were performed with a Hysitron TI 900 TriboIndenter equipped with a 
Performech controller, Stanford Research System (SRS) 830 DSP lock-in amplifier and National 
Instruments USB-GPIB adaptor. The internal digital feedback loop rate and data acquisition rates 
were up to 78 kHz and 38 kHz, respectively. Another important part of the TriboIndenter is the 
patented three-plate capacitive force/displacement transducer, developed by Hysitron. The 
maximum normal displacement of the tip was limited to 5 µm. During this work we used three 
different transducers for various reasons, as follows:  
1- The 1D (normal force only) transducer. It consists of the force/displacement sensor, drive 
circuit board, and hardware used to mount the transducer to the TriboScanner. The features 
of the transducer are listed below:  
- maximum applied vertical load was 30 mN; 
-load Resolution was 1 nN; 
-displacement resolution was 0.04 nm; 
-thermal Drift was less than 0.05 nm/sec [189]. 
2- The 1D, nanoDMA III compatible transducer. With this transducer, performance of the 
dynamic measurements was possible. The features of the trasducer are listed below:  
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-maximum applied vertical load was 10 mN; 
-load Resolution was 1 nN; 
-displacement resolution was 0.04 nm; 
-thermal Drift was less than 0.05 nm/sec [190]. 
3- The 2D (both normal and lateral force) transducer. It has the components of the 1D, plus two 
additional transducers mounted on opposite sides of the first, centered at a 90° angles. The 
features of the transducer are listed below:  
-maximum applied loads in the vertical and horizontal directions were 10 mN and 2 mN 
respectively; 
-lateral load Resolution was 3 µN; 
-maximum lateral displacement was 15 µm; 
-resolution of the lateral displacement was 4 nm; 
-thermal Drift was less than 0.05 nm/sec [189]. 
Additionally, the TriboIndenter utilizes an active anti-vibration system, an acoustic enclosure, a 
stage controller and optic/ optic electronics. With the aid of the aforementioned parts, we could 
control the following items during nanoindentation: 
1- Atmosphere, humidity and temperature variation11 . 
2- Environmental vibrations; vibrations less than 200 Hz could be dampened actively with the 
active anti-vibration system and vibrations over 200 Hz could be dampened passively [189].  
 
3.5.1. Quasi-static and dynamic measurement  
Different types of tests can be performed with the nanoindenter including quasi-static 
nanoindentation, NanoDMA Indents
12
, bending and low cycle fatigue test of micro pillars, wear 
and nano-scratch. The focus of this work was on indentation and, hence, we will discuss only the 
first two methods in the following paragraphs.  
Quasi-static nanoindentation was traditionally used to quantitatively measure the mechanical 
properties, like hardness and elastic modulus of materials. With the Quasi-static nanoindentation 
method, we can collect the applied load vs. displacement data and measure the hardness and 
                                                            
11 Temperature variation during the measurement was less than 0.5 °C. 
12
 The nanoDMA III interface software is compatible with the performech controller.  
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elastic modulus at one single depth of indentation
13
, with the presumption that the material 
deformation is purely elastic/plastic [189]. However, any sample that can be characterized using 
the quasistatic nanoindentation method can be tested using nanoDMA to obtain much more 
information about the sample
14
. With the aid of dynamic measurement, a sinusoidal loading 
could be applied in addition to the quasi static loading (Fig. ‎3-2). With this technique, we can 
define the load amplitude, and frequency (0.1 Hz - 300 Hz) in addition to the routine controllable 
parameters for the Quasi-static, such as maximum load (displacement), loading (displacement) 
rate, number of segments, data acquisition rate and etc. [190]. 
In general, we can perform three different types of tests with the dynamic modus, which include 
continuous measurement test (CMX), sweep and creep tests. CMX has been used to perform 
continuous measurements of different mechanical properties, like hardness at different depths. 
With the variable dynamic load scaling option, we set the dynamic load to be scaled with respect 
to the quasistatic load. Based on this option, the dynamic load was proportional to the square root 
of the quasistatic load. This option results in constant dynamic displacement amplitudes between 
1-2 nm, to ensure the validity of the model used for analysis of the results [190] (Fig. ‎3-2b). We 
performed our measurement with the fixed frequency of 220 Hz. More information about the 
sweep and creep tests exist in appendix B. 
 
3.5.2. Methods of calibration 
Like other high precision instruments, nanoindentation technique requires performing different 
types of calibrations. Three of the most important calibration methods include tip area function 
calibration, frame compliance measurement, and tip to optic calibration. Here, our main target 
is to explain the reasons and basic requirement for the calibration. More information about the 
methods of calibration is stated in the references [189 and 190]. 
 
 
                                                            
13 Depth profiling can be accomplished by performing a series of individual quasistatic tests, each at a 
different location, and different loads. This technique is time-consuming due to the fact that only one 
measurement of the material properties at a single depth is obtained from each test. 
 
14 The dynamic mechanical analysis, commonly referred to as DMA, was developed primarily in response 
to the insufficiencies of quasi-static testing for materials that display significant time-dependent 
deformation and recovery, such as viscoelastic materials [190].  
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Fig. ‎3-2 
 
Fig. ‎3-2. a) Shows a typical quasi-static loading function with a holding segment at the maximum forces 
for checking the creep behavior of alloys and another holding segment during unloading at low forces to 
check the drift in the measurements. b) Shows a typical CMX Load-Displacement curve. 
 
3.5.2.1. Tip area function calibration,  
Brinell sphere, Rockwell cono-spheroids, Vickers and Knoop pyramids are some of the 
commonly used indenter geometries for macro-micro scale indentation. For the pyramids, this is 
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due to the unavoidable line of conjunction (chisel edge) formed across the tip of a four-sided 
pyramid whenever one side deviates from ideal geometry. Berkovich and cube corner indenters, 
however, are suited well to nano-scale testing, since they can be manufactured with very small 
tip radii by virtue of their three-sided pyramidal geometry. Parameters for common indenter 
shapes are shown in Table ‎3-5 [191].  
Table ‎3-5 
Table ‎3-5. Geometric factors for commonly used indenter profiles [191]. 
Indenter  Projected area Centerline-to 
Face angel,  
Equivalent 
cone angle 
Intercept 
factor  
Correction  
factor   
Berkovich  2
c24.562 h  
65.3°  
 
70.32° 0.75 1.05 
Cube 
Corner  
2
c2.598 h  
35.26°  42.28°  0.75  1.034  
Cone   
2
ch tan( )   
    0.72  1 
Sphere  2
c c2Rh h     
- - 0.75  1 
Knoop  2
c65.438 h   
86.25° & 65°   0.75  1.012  
Vickers  2
c24.504 h  
68°  70.2996°  0.75  1.012  
 
Nanoindentation is the application of a defined load (in the µN-mN range), with concurrent depth 
measurement (in the nm-µm range). Hence, the correlation between the depth of indentation and 
the contact area is a key point for precise measurements of mechanical properties like elastic 
modulus and hardness (refer to Eq. ‎2-8 and Eq. ‎2-10). On the other hand, deterioration of the tip 
after usage causes a deviation between the nominal projected area function, which is listed in 
Table ‎3-3, and the actual value. This dictates the necessity of precise tip area function 
calibration, which defines the correlation between the contact depth and contact area. One 
indirect (standard) method for analyzing the indenter tip geometry is indentation of a well-
defined material. Since‎the‎Young’s‎modulus‎of‎fused‎quartz (and hardness) is clear, we can use 
the Oliver and Pharr method for correlating the dependency between the depth of indentation and 
the contact area [191]. 
The materials we use for this type of calibration should be relatively hard and stiff. This 
ensures that loads applied at very low penetration depths are still large enough to be well within 
the force resolution of the indentation system. Thus, both sapphire and fused silica are 
appropriate for this calibration; however, fused silica is superior on elastic isotropy, economy 
and creep criteria [191].  
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By the way, the tip calibration at very low depths is not possible due to the spherical form of 
the tip at the top part (Fig. ‎3-3c). Additionally, the tip may break and / or becomes dirty during 
installation or handling (Fig. ‎3-3d). This shows the importance of the direct imaging of the tip 
in addition to the traditional methods of tip area function calibration.  
 
Fig. ‎3-3 
 
Fig. ‎3-3. a) An SEM image of a Berkovich tip. b and c) Show the spherical form of a tip at the most top 
part. d) An SPM image of a broken Berkovich tip. 
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The precise imaging of the tip with the scanning mode of the nanoindenter (Fig. ‎3 3b and d) 
[192] may give us the opportunity for the measurement of tip radius for calculation of the 
reduced elastic modulus based on Hertzian contact model (Eq. ‎2 11). Moreover, before we 
started the measurements, the tips were cleaned manually with very soft touching using an 
adhesive tape after installation on the transducer. This cleaning treatment removes most 
contamination of the indenter. 
 
3.5.2.2. Frame compliance determination  
The inverse of the stiffness ( 1C S ) is known as compliance. During the indentation, the 
deformation (elastic-elasto/plastic) is not only limited to the sample and the indenter tip, but also 
to the entire frame. In order to subtract its effect, we can use the following equation [191]. 
0 F sC C C    Eq. ‎3-1 
 
Where 0C  is the uncorrected and sC  the real compliance of the sample. However, frame 
compliance ( FC ) should be determined for precise calculation of the mechanical properties. 
Since the compliance of the sample and indenter are measured experimentally, we can re-write 
the Eq. ‎2-8 as follows: 
0
1
2
F
r c
C C
E A

  

 
Eq. ‎3-2 
Eq. ‎3-2 
This shows the need of a priori knowledge of the indenter shape function for defining the frame 
compliance. However, sometimes it is the case that both the shape function and the frame 
compliance are initially unknown. In this case, an iterative procedure, achieving increasingly 
accurate approximations, can be used. First, it can be assumed that the shape function of the 
indenter is ideal for its geometry and a (preferably soft) sample can be indented at high loads, to 
create very large contact impressions. This minimizes the deviation from ideal geometry, and, 
by using a reference sample of known reduced modulus, an approximate value for the frame 
compliance can be determined. Additionally, using the frame compliance value in Eq. ‎3-2 
allows the shape function to be estimated. By iterating this procedure, the values for the 
compliance and shape function can be refined for smaller indentations. Alternatively, the shape 
function can be determined directly by careful measurement of the shape of the tip using a 
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traceably calibrated, precision metrology device such as an AFM [191].  
 
3.5.2.3. Tip to optic calibration, 
For this reason a very soft material, such as high purity aluminum, that can easily be prepared 
with good surface quality or level of flatness, is desired. Since this test needs to be performed any 
time indenter tips are exchanged in the system, economy plays a large role. This calibration 
determines the offset between the location of the indenter tip and the location of the center of 
the focus of the microscope in the positioning stage of the nanoindentation system. Therefore, 
the only requirement of the material is that it readily holds a clear indentation impression [191].  
 
3.5.2.4. Thermal Drift and Creep  
Creep and thermal drift are completely different phenomena, but corrections are made for their 
occurrence using similar actions [191]. Thermal drift happens when the indenter system, as a 
whole, is not in thermal equilibrium. It results in displacements from thermal 
expansion/contraction being measured, instead of, or in addition to, indentation displacements 
[191]. This can be minimized by placing the system in a thermally controlled chamber, but 
experimental measurement of the drift rate during each indentation should be made for precise 
work. This is done by maintaining a fixed load, e.g. ~10% of maximum applied load, for a fixed 
period during the lower part of the unloading curve and measuring the displacement over time. 
Creep deformation may also occur during indentation. This is most easily observed during a hold 
period at maximum load (Fig. ‎3-2a).  A dynamic reference creep test is a new method to clarify 
between the creep behaviors of alloys and drift in the measurements. It is a test with an initial 
reference frequency segment followed by a long constant force dynamic part. The first reference 
frequency segment will be used to calculate the contact area and the second (longer) reference 
frequency segment will be analyzed as the creep segment. For information about this technique, 
see appendix B. 
 
3.5.3. In-situ measurement 
For in-situ nanoindentation the whole sample was immersed in a borate buffer solution. Due to 
the remote force sensing method of nanoindentation technique (with transducer) and the 
sensitivity of the electronics, just a part of tip could be immersed in the solution and the 
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electronics were protected from the solution. For this reason we customized the form of the tip 
for in-situ nanoindentation measurement, and the Synton-MDP LTD produced the tips. The large 
length of the shaft (13.5 mm) made from Ti allows the end of the tip to be completely immersed 
in a fluid, while the tip holder and transducer remain in the air. The experimental setup 
developed for conducting in-situ electrochemical NI-AFM consists of three electrodes, which are 
designed and produced to fit into the nanoindenter chamber. Nanoindentation was conducted 
inside this electrochemical cell while the sample was covered with approximately 5 mm of 
electrolyte. A platinum plate was used as a counter electrode and the reference electrode was an 
Ag/AgCl used to control the electrochemical potentials. Special tubing was used to inject a 
deaerated solution into the electrochemical cell, as shown schematically in Fig. ‎3-4.  
We implement ECNI in order to probe the bulk effect of the Cr addition to the Fe3Al alloys in 
presence of the hydrogen. A very low depth of indentation assures hydrogen saturation after a 
few minutes, even though the diffusion rate is very low in iron aluminides. Since the ECNI 
measures the nanomechanical properties just below the surface, it is a surface sensitive 
technique. The XPS and electrochemical tests showed that the Cr addition to these alloys might 
alter some of the surface properties. Therefore, we were especially careful in keeping the surface 
condition of the samples, with different Cr content, as comparable as possible. Surface 
parameters were kept constant and unchanged with the following precautions:  
(1) In all samples, the indents were performed in the grains with similar (001) normal 
orientation.  
(2) The ex-situ and in-situ indents for each sample were performed in an identical grain.  
(3) The surface roughness at different potentials was always checked before performing 
nanoindentation with the scanning probe microscope (SPM) mode of our nanoindenter, and 
checked for its consistency against the freshly electro-polished surface roughness values.  
(4) By selecting the anodic polarization at 500 mVSHE, the Al
3+
 enriched passive layer was 
stabilized for all samples and remained stable during the course of the ECNI tests.  
(5) In order to have a similar hydrogen charging condition (HER and/or hydrogen uptake and 
transfer through the passive layer), the hydrogen charging was done in galvanostatic mode by 
application of 100 µA/cm
2
 cathodic current density.  
(6) Due to the importance of the cleanliness of different parts of the setup, the borate buffer 
solution was prepared from analytical grade compounds and double distilled water. Prior to the 
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tests, the electrochemical cell was cleaned in piranha acid, which is a warm mixture of three 
parts sulphuric acid (H2SO4) and one part hydrogen peroxide (H2O2). Because the mixture is a 
strong oxidizer, it will remove most organic matter, and it will also hydroxylate most surfaces, 
making them extremely hydrophilic and water compatible. The tip was also cleaned carefully 
before each test in an ultrasonic bath in a mixture of ethanol and isopropanol, and then in double 
distilled water.  
(7) Controlling the current distribution and homogeneous charging of materials is highly 
important. A uniform current distribution in a miniature electrochemical cell, with small amounts 
of solution, is hard to achieve. Furthermore, inhomogeneous current distribution may cause 
overprotection (strong hydrogen bubbling) at places close to counter electrodes, while the 
potential of the area far from counter electrodes is less. This was the motivation behind 
optimizing the form of cells (Fig. ‎3-5), as well as the tips.  
(8) Controlling the pH of the solution is essential. The buﬀer capability of borate solution 
prevents a rapid increase in local pH of the solution. It was also shown that Al
3+
 ions could form 
complex ions such as  
3-
4 6
Al B OH    which consume many OH
¯
 ions. These factors probably 
suppress‎ the‎ alkalization‎ and,‎ thus,‎ dissolution‎ of‎ the‎ aluminum‎ oxide‎ ﬁlm.‎ Additionally,‎ we‎
decreased the applied cathodic current and, hence, the limit of the reduction reaction and the 
production of OH
¯
. Furthermore, we tried to pump solution in and out of the cell in order to have 
fresh conditions during the in-situ nanoindentation measurements. High-resolution SPM images 
show very homogeneous surface qualities after the application of low currents to the samples. 
Very small current density in both materials during the anodic scanning of the potential indicates 
that there is no active anodic oxidation reaction. In other words, the passive oxide layer cannot 
be reduced completely with the application of cathodic potential.  
(9) Submersion of a part of the tip in solution may result in the formation of different variable 
forces, like meniscus buoyancy acting on the tip during the experiment [193]. We did not correct 
the effect of these forces on the measurements. However, because the depth of solution was the 
same at anodic and cathodic potentials the results in these situations should be comparable. 
(10) Performing tests in a Cl¯ free solution is important. The high susceptibility of iron-
aluminum alloys to pitting corrosion in the Cl¯ containing solutions was established earlier. 
Corrosion and/or re-deposition of the corrosion products could produce surface roughness, which 
would influence the quality of the results.  
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(11) Controlling the oxygen content of the solution is necessary. One problem during in-situ 
electrochemical nanoindentation is dissolved oxygen in the liquid, which can influence the 
electrochemical processes. In electrochemical experiments, the usual practice is to bubble an 
inert gas, e.g. argon or nitrogen, inside the solution to remove the oxygen and inhibit the 
dissolution of oxygen. In our experiments, this practice was not possible; therefore, we put the 
whole system inside a protective atmosphere, and the electrolytes were deaerated externally 
before each experiment.  
 
 
Fig. ‎3-4 
Fig. ‎3-4. a) Shows the Hysitron PI-900 nanoindenter, b) A schematic of the electrochemical 
measurement setup [193]. 
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Fig. ‎3-5 
 
Fig. ‎3-5. Shows different generations of the electrochemical cells. 
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4 - Summaries of Appended Papers 
Conventional mechanical tests are costly, time consuming, and due to their large scale, not very 
successful in obtaining mechanistic information. In contrast, a local method like nanoindentation 
has comprehensive ranges of possibilities to achieve an essential understanding about the 
influence of substantial (e.g. chromium) and/or interstitials (e.g. hydrogen) on the mechanical 
properties like Young´s modulus, Gibbs free energy for HDN, dislocation line energy and also 
friction stress. The method allows for measurement of mechanical behavior in simulated 
environments and atmospheres close to the routine industrial applications.  
The effect of chromium concentration on the elastic modulus, incipient plasticity and post 
yielding behavior of the alloys was studied in details in papers A [178] and B [192]. It was 
shown in “paper‎ A” [178] that the measured elastic and shear modulus will increase 
systematically with the increment of the Cr content in the alloys. The results were interpreted 
within the framework of the universal features of metallic bonding as a change in the interatomic 
potential, as proposed by Rose et. al. [194-196].  
Strengthening of the interatomic bonds influences the dislocation line energy (Eq. ‎2-16), and 
hence the increase of elastic properties joins with the enhancement of the energy needed for 
dislocation nucleation. Therefore, by addition of Cr, the pop-load is increased, which means 
higher maximum shear stress beneath the nano-indenter tip is required in order to trigger the 
plastic deformation. In was shown in Table 1 Paper B [192] that the maximum shear stress at the 
pop-in load for each alloy is comparable with the theoretical shear strength
20
max

   predicted 
by‎ Frenkel’s‎model. It demonstrates the direct relationship between homogeneous dislocation 
nucleation (HDN) and onset of plasticity or pop-in in a dislocation free area beneath the tip. 
However, nucleation of a dislocation is a stress-assisted, thermally activated process. In other 
words, the energy barrier for dislocation nucleation could be overcome through the mechanical 
work of indentation and, simultaneously, by an appropriate thermal fluctuation. The observed 
scatter in the pop-in event (Fig. 3, paper A [178]) shows its unpredictable nature within a certain 
load range. The thermal noise sometimes favors yielding and sometimes works against it. 
Therefore, within the mentioned load range, we can talk about the probability of the pop-in 
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event
15
. Furthermore, by application of the classical dislocation and harmonic transition state 
theories, we were able to develop a simple relation to measure the effect of alloying elements on 
the shear modulus from the pop-in data (Fig. 5, paper A [178]). 
In “paper‎ B” [192], instrumented nanoindentation was used to investigate the hardness and 
mobility of dislocations via analysis of the load–displacement (L–D) curves. Surprisingly, the 
results show that alloys with 5at.% Cr have less micro-hardness, although the shear modulus 
increases; in contrary, with the decrease of the indentation depth, the nano-hardness of Cr 
containing samples will become more (Fig. 5 in paper B). The results show the slight increase of 
friction stress ( P N  )
16
, and strong decrease of flow stress ( flow )
17
, with Cr addition. The 
decrease of flow stress relates to the least strongly pinned segments in dislocations. Once these 
pinned segments become mobile, plastic deformation spreads by the mitigation of kinks. Another 
proof of the effect of Cr on the enhancement of the dislocations mobility was seen on the 
decrease of the height of pile-ups, and also wide spreading slip lines in the Cr-rich alloys (Fig. 3 
and 4 in paper B). The reduction of average values of pile-ups after addition of Cr could be due 
to the increase of the capability of the material to include the plastic deformation, i.e. how far 
dislocations are capable of transferring the plasticity into the material. This can be explained by 
considering the ease of dislocation cross slipping in the Cr-rich samples.  
After studying the influence of Cr on the bulk properties of alloys, we also tried to evaluate the 
effect of Cr on the passive layer in “paper‎ C“. Electrochemistry is of utmost importance for 
industrial production and application of different alloys. Hence, we studied the chemical 
properties of different alloys and electrochemical reactions at the solid/ solution interface in the 
presence of electric fields and currents. One typical starting point in exploring an electrochemical 
system is performing cyclic polarization. With the aid of this method, the potential is ramped 
linearly at a constant rate of potential change, and the current is measured as a function of 
                                                            
15 The‎probability‎of‎overcoming‎the‎energy‎barrier‎by‎thermal‎ﬂuctuations‎in‎a‎constant‎temperature‎
increases if it takes longer to reach a certain critical stress. Thus, as the loading rate is increased the 
probability‎becomes‎lower‎and‎a‎higher‎stress‎is‎required‎to‎produce‎a‎critical‎thermal‎ﬂuctuation‎to‎
overcome, resulting in apparent higher yield strength. In our measurements, we kept the loading rate 
constant to be able to compare the average pop-in load. 
16 The increase of P N  is mainly due to the influence of Cr on shear modulus. 
17 Here, flow  is considered without inclusion of intrinsic lattice resistance. 
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potential. For a single electrode reaction, the rate of electrochemical reactions
18
 is proportional to 
the electric current. Though, corrosion of metals and alloys, especially in the presence of 
aggressive ions like Cl , often starts at local sites, and causes local material changes. Therefore, 
the susceptibility of alloys to pitting and crevice corrosion in solutions with different 
concentrations of Cl  ions was studied. Considering Fig. 1, in paper C, the increase of current at 
high anodic potentials shows the enhancement of the amount of the electroactive reactions. In 
was shown that the incorporation of Cr as a ternary alloying element into the passive film 
increases the range of passivity and consequently resistance of the alloys to pitting corrosion and 
decreases the average density of pits. However, addition of 5 at. % Cr to the binary 3Fe Al  
intermetallics does not completely hinder the pitting and crevice corrosion of alloys. 
Furthermore, in a normal laboratory practice and especially in the routine industrial applications, 
polycrystalline materials are used, which are composed of grains with different surface 
orientations, and grain boundaries. Studies with single crystals have shown that exchange current 
densities and adsorption processes depend on surface orientation and electron density at the 
surface as well as on surface defects [197]. The same is true for the properties and 
electrochemical growth of oxide layers. Electrochemical measurements at polycrystalline 
surfaces, even of very pure materials, therefore, provide information averaged across the surface. 
Consequently, we tried to characterize the form and density of (meta) stable pits for different 
crystal orientations. It was shown in paper C that the pit facets have the {1 1 0} orientation. The 
grains with the {1 1 0} orientation have slightly higher pit density in comparison with other 
orientations, but the difference was not significant.  
Electrochemical Impedance Spectroscopy (EIS) and the Mott–Schottky (MS) methods were also 
used to characterize the passive film. Contribution of Cr ions (
3Cr  and 
6Cr  ) to the increase of 
the effective capacitance and donor density of the passive layers was seen based on the 
electrochemical measurements. The effect of Cr on the polarization resistance was more obvious 
at high anodic potentials where the strong enrichment of the passivation layer with
3Cr  and 
6Cr  could make a more protective p-type passive layer, instead of the n-type ( 3Al  reach) layer, 
for example at lower potentials or in alloys without Cr. The reduction of the flat-band potential 
                                                            
18 It controls by i) charge transfer reactions through the electrochemical double layer, ii) the mass 
transport of reactants to and products away from the electrode and, thus, concentration gradients at the 
electrode surface, iii) adsorption processes at the electrode surface, etc. 
55 
 
after the addition of 5 at.% Cr may reduce the sensitivity of alloys to the moist-induced hydrogen 
embrittlement. However, a complete characterization of passive layer requires methods with high 
spatial resolution to be applied, and requires information in addition to purely electrical data 
(current / potential / time). Therefore, the passive oxide film formed on the surface and the 
contribution of the Cr on the passive layer was characterized by means of X-ray photoelectron 
spectroscopy (XPS), in “paper D”. With this technique the thickness of passive layer and 
contribution of Cr on its features was evaluated.  In the sample with higher concentration of 
chromium, some part of iron oxide in the passive layer was replaced by 
3Cr  . Additionally, 
aluminium and chromium enrichment, with respect to the bulk composition, was found at the 
passive layer. 
Since Johnson [120] first reported on hydrogen embrittlement, various strong views on the 
mechanisms of hydrogen embrittlement have been vigorously discussed and thoroughly 
reviewed in the literature (see chapter 2.2.3). Because of the technological importance of 
hydrogen embrittlement, many people have explored the nature, causes and control of hydrogen-
related degradation of metals. This has resulted in an enormous number of sometimes 
controversial findings and/or interpretations. This is mainly because of the ad-hoc approach used 
to tackle the hydrogen embrittlement within a specific alloy system. The lack of a systematic 
approach to the hydrogen embrittlement problem is mainly coupled with the time consuming and 
costly testing procedure based on the conventional mechanical tests with in-situ or ex-situ 
hydrogen charging. To get rid of these limitations, we developed a novel method called in-situ 
electrochemical nanoindentation (ECNI). Nanoindentation of the 3Fe Al-xCr  alloys was 
preformed while the samples were electrochemically charged with hydrogen as it is shown in 
“paper D” [198]. Very low depth of indentation assures us that the hydrogen saturation, after a 
few minutes, ensues, although the diffusion rate is low in iron aluminides. Our results show that 
the hydrogen decreased i) the elastic and shear modulus of materials, due to the weakening of 
interatomic bonds (Fig. 8, in paper D); ii) the energy barrier for dislocation nucleation, caused by 
the increment of dislocation core radius (Fig. 9, in paper D); and iii) the mobility of dislocations 
by reason of the enhancement of friction stress (Fig. 11, in paper D).  Now the question is  
1) Which mechanism of HE is most likely to cause embrittlement? 
2) How do the mentioned items relate to the low ductility of alloys? 
3) How could we use our method for ranking different alloys based on their sensitivity to HE? 
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We tried to define a mechanism of HE based on fundamental mechanics. In general, at a constant 
temperature, and in the absence of any kind of phase transformation, the energy of the newly 
formed surfaces (due to the crack growth) is an intrinsic characteristic of material. The hydrogen 
ingress into the studied intermetallics can influence this new surface energy with the reduction of 
the strength of interatomic bonds (or shear modulus (  )), as predicted by the HEDE mechanism. 
On the other hand, the presence of hydrogen controls the nucleation, multiplication, or 
movement of dislocations in agreement to the defactants, AIDE and HELP mechanisms. It shows 
that, even for materials with identical types of bonds, it is highly unlikely that there is just one 
conventional mechanism capable of explaining hydrogen embrittlement.  
However, the magnitude of the influence of hydrogen on shear modulus, dislocation core radius 
and friction stress is different for various intermetallics. Therefore, different mechanisms may 
operate in different orders depending on the material, environmental and mechanical parameters. 
Incidentally, all the mentioned parameters (energy of the newly formed surfaces, multiplication 
or movement of dislocations) are key components of a ductile to brittle fracture transition [199]. 
In the classical theory of dislocation shielding of a singular crack, the effective stress intensity 
factor 
eK at the crack tip is expressed as [199]: 
e DK K K   
Eq. ‎4-1 
Eq. ‎4-1 
where K and 
DK are stress intensity factors induced by the externally imposed loading and 
dislocations, respectively. Fracture takes place when 
eK reaches a critical value of CK . The crack 
is said to be shielded by dislocations when 0DK  , 
and anti-shielded when 0DK  . Therefore, 
the growth rate of cracks will depend on the mobility of dislocations and the energy for 
dislocation nucleation. Binary alloys are very sensitive to hydrogen embrittlement because of the 
strong reduction of the energy needed for HDN after hydrogen charging. Additionally, all alloys 
exhibit higher friction stress after hydrogen charging.  This shows that the absorption of 
hydrogen will ease nucleation of sessile dislocations and it decreases the shielding effect of 
dislocations. Finally, it favors the cleavage fracture of alloys. It demonstrates that the mechanism 
of dislocation shielding should be considered for analyzing the fracture characteristics of 3Fe Al  
in aqueous solutions and in atmospheres containing hydrogen. The power of the ECNI method 
results in quantitative information about the effect of hydrogen on the elastic properties, 
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dislocation‎nucleation‎and‎its’‎mobility.‎All these items could be used as criteria for ranking the 
susceptibility of different alloys to hydrogen embrittlement. 
In “paper‎ E” [200], we reported clear evidence for the effect of hydrogen on the ease of 
dislocation nucleation with in-situ AFM method. For this reason, a super duplex stainless steel 
was charged electrochemically. After a few seconds in the austenite grains of SDSS, the slip line 
traces were seen without application of any external stress (Figs. 1 and 2, in paper E). This 
happened under moderate H-charging, which could not trigger any phase transformation in 
austenite. This was proven by XRD and magnetic force microscope (MFM) techniques (Figs. 3 
and 4, in paper E). Hydrogen reduces the required stress for activation of dislocation sources, 
which are already under tension due to residual stresses formed during quench annealing. This 
initiates dislocation punch out from the surface and relaxation of the microstructure. This shows 
how hydrogen, in combination with a complex microstructure, results in microstructural changes, 
which can play a crucial role in hydrogen embrittlement of industrially important alloys.  
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5 - Concluding remarks  
There are two barriers for the wide usage of the Fe3Al intermetallic at room temperature. One is 
for hydrogen embrittlement and the other is for localized corrosion of the alloys in the Cl  
containing solutions. In this thesis, we tried to shed more light on the reasons for each of the 
aforementioned problems; and also evaluate the possibility of overcoming the problems with the 
addition of different concentrations of chromium to the binary alloys. 
The nanoindentation technique was used for studying the influence of Cr content on the elastic 
and plastic properties. The results show that chromium increases the‎ Young’s‎ modulus,‎
maximum shear stress for homogeneous dislocation nucleation and friction stresses in Fe3Al 
intermetallics. Additionally, Cr decreases the flow and facilities the cross slipping of 
dislocations. It was confirmed with the influence of Cr on the reduction of the pile-up heights. 
This dissertation examines the further application of nanoindentation, investigates materials 
under different environments, and establishes some possibilities for obtaining new and unique 
information from Fe3Al intermetallics with different Cr content. The novel method of in-situ 
nanoindentation was performed to detect the impact of hydrogen on mechanical properties and 
the sensitivity of‎intermetallics‎to‎hydrogen‎embrittlement.‎The‎decrement‎of‎Young’s‎modulus‎
and dislocation mobility was observed at cathodic potentials. Hydrogen also decreases the pop-in 
load and Gibbs free energy needs for homogeneous dislocation nucleation especially in samples 
with low Cr content, a sign of increased sensitivity to HE in Cr free alloys. This occurs because 
the addition of physically adsorbed hydrogen increases the dislocations core radius. However, 
among all different mechanisms of HE, it was shown that the dislocation shielding mechanism 
could be used for explaining the low ductility of 3Fe Al  based intermetallics in a hydrogen 
containing environment. 
Finally, with the XPS and electrochemical techniques we studied the incorporation of Cr as a 
ternary alloying element into the passive film. The resistance of alloys to pitting and crevice 
corrosion in Cl containing solutions was enhanced with the addition of Cr. The addition of 5 at. 
% Cr to the binary 3Fe Al  intermetallics does not completely hinder the pitting and crevice 
corrosion of alloys, while it decreases the average density of pits. The effect of Cr on the 
polarization resistance was more obvious at high anodic potentials where the strong enrichment 
of the passive layer with
3Cr   and 
6Cr  could make a more protective p-type layer, instead of the 
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n-type layer, such as at lower potentials, or alloys with lower Cr content. Additionally, it was 
shown that the addition of Cr also increases the effective capacitance and donor density of the 
passive layers.  
60 
 
6 - Outlook 
6.1. Bending test of micro pillars in solution: A new approach to studying the 
hydrogen embrittlement of iron-aluminum intermetallics 
The method of in-situ nanoindentation suffers from the complexity of the stress field below the 
nanoindenter. Therefore, a novel method was developed where miniaturized compression 
samples are machined using focused ion beam (FIB) milling and loaded in a nanoindenter system 
equipped with a flat diamond punch [18]. This method is able to probe mechanical properties on 
the micrometer and sub-micrometer scale under nominally uniaxial loading. Moreover, a very 
small volume of pillar guarantees a fast and homogeneous distribution of hydrogen. We 
continued our investigations of Fe3Al-xCr pillars and reports on the hydrogen effect on the 
elastic properties and interaction of dislocations observed in various solid solution intermetallics 
using the in-situ bending test of micro pillars. The advantage of the bending test is the presence 
of high tensile stress in the pillar, during the test. It is in contrast to other techniques like in-situ 
nanoindentation or micropillar compression tests with the compressive stress field, which works 
as driving force for the hydrogen diffusion out of the highly stressed region.  
To perform bending test, a new method was developed in our department. Bending tests of micro 
pillars were performed with a 2D (both normal and lateral force) transducer [189]. A conical tip 
with the semi angle of 90° was used for the tests. As it is shown schematically in Fig. ‎6-1, the 
bending test was performed in different sequences, as follows: 
1- The pillar was positioned precisely using the imaging mode of the Triboindenter (step 1). 
2- After positioning the pillar at the distance of 4.5-5 µm from the center, we disengaged the tip 
from the sample (step 2). 
3- With the aid of air indentation mode, we measured exactly the distance between tip and 
surface using the load function, which is shown in Fig. ‎6-2a (step 3). 
4- The bending test was performed with the lateral movement of tip using the load function 
shown in Fig. ‎6-2b (step 4-1 and 4-2). 
5- Finally, the tip goes back to the initial position (step 5). 
The deformed pillars and formation of slip traces at both sides of pillars is shown in Fig. ‎6-3. Our 
experimental results confirm that hydrogen decreases the Young´s modulus in samples with Cr 
and with 5 at.%Cr, but this reduction occurs more in the binary alloys. 
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Fig. ‎6-1 
Fig. ‎6-1. Shows, schematically, the consequences of the bending test of micro pillars with a conical tip. 
 
Fig. ‎6-2 
Fig. ‎6-2. Shows the loading functions for a) distance measurement and b) bending test. 
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Fig. ‎6-3 
Fig. ‎6-3. Shows the slip traces at both sides of pillars (a and b)Fe26Al; (c and d) Fe26Al5Cr 
intermetallics. 
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6.2. Effect of vacancies on the mechanical behavior of iron aluminides 
We attempted to study the effect of vacancies on the elastic and plastic behavior of iron 
aluminides with different Al content. We also evaluated the effect of vacancies on the dislocation 
nucleation, with the aid of the nanoindentation technique. For this reason, binary samples with 
various Al content were heat treated and quenched from different temperatures. Fig. ‎6-4a and c 
illustrates some typical load-displacement (L–D) curves with different histories of heat 
treatment. A statistical approach (cumulative distribution) is taken to clarify the effect of vacancy 
concentration on the elastic modulus of samples (Fig. ‎6-4b and d). The results show that the 
elastic behavior of samples reduces very slightly with the increase of the vacancy concentrations. 
The reduction is more in the samples with 45 at.% Al. The effect of vacancies is more 
highlighted on the incipient plasticity and post yielding behavior of the alloys. Cumulative 
distribution of the pop-in event is presented in Fig. ‎6-5.  
Based on simulations, it was shown that the existence of vacancies can significantly facilitate the 
onset of plasticity, which results in a lower yield loads.  The increase of the quench temperature 
promotes earlier displacement bursts in the Fe-45Al and, therefore, a significant shift in the 
population of pop-in loads ( pop inP  ). In contrary, for the sample with 30 at.% Al the tendency was 
not clear. The volume of the material
19
 ( cylinderV ) beneath the indenter, where 99.9% of the 
maximum shear stress is acting (Fig. ‎6-6a), is shown in Fig. ‎6-6b. The total number of atoms in 
the volume with the maximum shear stress is also shown in Fig. ‎6-6b. Considering the average 
concentration of vacancies in the materials (Fig. ‎2-3b), the probability of encountering a 
preexisting equilibrium vacancy beneath the tip in a strained lattice is very high for Fe-45Al but 
very low for Fe-30Al. It may be the reason for the observed tendency of the pop-in load 
distribution. 
 
 
 
                                                            
19 It has an elliptical cylinder form. 
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Fig. ‎6-4 
Fig. ‎6-4. a and c) show the L-D curves related to samples with 30 and 40 at% Al performed with a 
Berkovich tip on samples with different histories of heat treatment. b and d) show the effect of heat 
treatment (vacancy concentration) on the measured reduced elastic modulus. 
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Fig. ‎6-5 
Fig. ‎6-5. Cumulative distribution of the pop-in event of samples with 30 and 45 at% Al performed with a 
Berkovich tip on samples with different histories of heat treatment. 
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Fig. ‎6-6 
Fig. ‎6-6. a) Calculated maximum shear stress b) the depth of maximum shear stress, cylinderV and total 
number of atoms in the cylinderV of samples. The 30 and 40 at% Al iron aluminides with different histories 
of heat treatment were indented with a Berkovich tip. 
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6.3. Determining the effect of various substantial solute atoms on the mechanical 
properties of Fe3Al intermetallics 
In this work we focused mainly on ternary alloys with up to 5 at.% Cr. For improvement of the 
electrochemical properties and resistance of alloys against pitting corrosion, more Cr should be 
added to the binary alloys. Addition of other types of alloying elements, like Ti, may also have 
constructive influence on the pitting resistance of alloys. However, our experimental results 
show a significant enhancement of the elastic modulus and hardness of Ti reach alloys (Fig. ‎6-7a 
and b). The average values of the pop-in load will also increase with the addition of Ti 
(Fig. ‎6-7c). 
 
 
Fig. ‎6-7 
Fig. ‎6-7. a) Influence of Cr and Ti on the reduced elastic modulus, b) effect of Ti on the hardness of alloys 
and c) effect of hydrogen on the pop-in load of alloys with different Ti content. 
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The in-situ nano-indentation of 4 at.% Ti show a strong reduction of pop-in load after hydrogen 
charging (Fig. ‎6-7c). It shows the susceptibility of alloys to the hydrogen embrittlement, which is 
in contrast to the Cr-reach alloys where the reduction of pop-in load after hydrogen charging was 
significantly less than the binary alloys. 
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7 - Appendix 
7.1. Appendix A 
Effect of alloying elements on different properties of iron aluminides 
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Fig. ‎7-1 
 
Fig. ‎7-1. Effect of Al concentration on the Young´s modulus at different temperatures [201 and 202]. 
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Fig. ‎7-2. Shows stress anomaly and strain rate sensitivity of Fe-Al intermetallics [203]. 
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Fig. ‎7-3. Effect of various ternary alloying elements on the yield stress at 800 °C [52]. 
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Fig. ‎7-4. Creep rate of various iron aluminides tested at 650°C [78]. 
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Fig. ‎7-5. Effect of various alloying elements on the brittle to ductile transition temperature (BDTT) 
[59, 204 and 205]. 
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7.2. Appendix B 
The methods of nanoDMA sweep and creep will explain very briefly in this part. However, these 
methods were not used for the characterization of iron aluminides and the results are not present 
in the text. For a sweep test, the frequency is varied in each progressive step. During this type of 
test, a fixed quasistatic load is chosen, as well as fixed dynamic load amplitude. Mechanical 
properties of viscoelastic materials often vary when tested at different frequencies. A ramping 
frequency test is used to determine mechanical properties as a function of frequency. This is the 
typical type of test performed by a DMA (dynamic mechanical analysis) instrument at macro 
scale. The frequencies may be ramped from 0.1 Hz up to 300 Hz. When testing at lower 
frequencies (below 10 Hz), the test can take a very long time, so it is recommended that lower 
frequency tests utilize the reference frequency functions to minimize drift effects. When testing 
is performed over 200 Hz, the amplitude can become quite small, and it may be difficult for the 
lock-in amplifier to measure the phase and amplitude of the displacement signal. The user must 
be sure that the amplitude is large enough at higher frequencies to ensure quality data. 
A dynamic reference creep test is similar to a creep test performed with standard indentation, 
however, with the use of reference frequencies, the test time can be much longer and because of 
the dynamic components (in combination with the CMX capabilities). The test will continuously 
measure hardness, stiffness, modulus, etc. A reference creep test is a test with an initial reference 
frequency segment followed by a long constant force dynamic segment. The first reference 
frequency segment will be used to calculate the contact area and the second (longer) reference 
frequency segment will be analyzed as the creep segment. 
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Fig. ‎7-6. a) Schematically shows the loading function for a sweep frequency test and b) the loading 
function for a creep test [190]. 
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Dislocation nucleation in solid solutions of body-centered-cubic interme-
tallic Fe3Al alloys was investigated by means of nanoindentation and
measurement of the pop-in load of samples with different Cr content. It is
clearly shown that the Cr solute element in the Fe3Al intermetallic alloy
increases the pop-in load, i.e. shear stress, required for dislocation
nucleation in a previously dislocation-free region. Changes in pop-in load
track closely with changes in elastic properties, which can be interpreted
within the framework of the universal features of metallic bonding as a
change in the interatomic potential, as proposed by Rose et al.
Keywords: nanoindentation; dislocations; mechanical properties; Fe3Al
1. Introduction
Ordered intermetallics, which form long-range ordered crystal structures below their
critical ordering temperatures, constitute an important emerging class of metallic
materials. The Fe3Al intermetallic alloys have been widely studied since the 1930s
when their excellent oxidation resistance was first noted [1,2]. Their low cost, low
density, good wear resistance, ease of fabrication, resistance to corrosion and
sulfidation make them very attractive for industrial use. Additionally, they offer
conservation of strategic elements like nickel, molybdenum and chromium by the
replacement of stainless steels. They also have a lower density than stainless steels
and potentially a better strength-to-weight ratio. Fe3Al-based intermetallic alloys are
one of the few structural intermetallics that pass through two ordered structures (D03
and B2) before becoming disordered. These structures (D03 and B2) are body-
centered cubic (bcc) derivative structures with high crystal symmetries and slip
behavior similar to bcc iron, indicating that Fe3Al should be intrinsically ductile at
ambient temperatures. These property advantages have led to the consideration of
iron–aluminum alloys for many applications, such as brake disks for windmills and
trucks [3], filtration systems in refineries and fossil power plants [4], transfer rolls for
hot rolled steel strips, ethylene crackers and air deflectors for burning high-sulfur
coal [5]. At present, the major issues that continue to delay further commercial
viability of Fe3Al intermetallic alloys are their low ductility and impact resistance at
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low temperatures due to moisture induced hydrogen embrittlement [6,7] and
inadequate creep resistance at elevated temperatures [8–10].
There have been attempts to overcome these disadvantages by alloying Fe3Al with
different elements [11,12]. However, conventional mechanical tests are costly, time
consuming, and due to their large scale, not very successful in obtaining mechanistic
information. In contrast to conventional mechanical tests, an instrumented
nanoindentation technique offers several advantages. First of all, the extremely
small volume probed by this technique allows for easy pre- and post-characterization
by means of non-destructive, high-resolution electron microscopy techniques like
electron backscatter diffraction (EBSD), or electron channeling contrast [13–16].
Another advantage of the instrumented nanoindentation technique is its capability to
resolve the homogeneous dislocation nucleation in annealed samples with very low
surface roughness (electropolished) [17,18]. Typical dislocation densities in an
annealed metal are within the range 1010–1012m2, with dislocations spaced between
1 and 10 mm apart. Depending on the tip radius [19,20], a relatively sharp
nanoindenter tip in the elastic regime is able to probe a lateral region of at most a
couple of hundred nanometers, to the point where the pop-in is noted. This suggests
that the volume of material sampled by the indentation test at this depth is smaller
than the average dislocation spacing, so that an indentation placed randomly on the
surface would have a significant probability of sampling a region that contains no
preexisting dislocations [21]. The absence of dislocations means the material
continues to load elastically until the shear stress under the tip reaches a value near
the theoretical shear strength of the material, well above what is necessary to activate
an existing dislocation source. At this point dislocations are homogeneously
nucleated [22] and are followed by subsequent glide and multiplication events.
Homogeneous dislocation nucleation (HDN) should occur when the stress beneath
the indenter tip approaches the theoretical shear strength of the material and is
therefore directly related to the interatomic potential of the tested material [23]. The
term HDN is used here to indicate that dislocations are nucleated from an otherwise
dislocation-free material. For an indentation test, the applied shear stress that
nucleates a dislocation can be assumed to be the maximum shear stress beneath the
indenter during purely elastic loading. Lastly, instrumented nanoindentation, which
probes the mechanical properties, i.e. hardness and elastic modulus of extremely small
volumes of materials, can be used to investigate the mobility of dislocations via
analysis of the load–displacement (L–D) curves [24]. Successful application of Fe3Al–
X alloys in industry strictly depends on our fundamental understanding of the effect
of alloying elements on their mechanical properties. Nanaoindentation offers a
comprehensive range of possibilities to achieve this understanding, along with the
advantage of being a very resource conservative method. This paper reports the effect
of the addition of Cr to the dislocation nucleation process in Fe3Al examined by
application of the nanoindentation technique.
2. Experimental procedure
The samples were received from the Max Plank Institute for Iron Research in
Du¨sseldorf (MPIE) and were made by means of the vacuum induction
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melting method. In all samples the concentration of aluminum remained constant at
26 atomic percent. Samples with different concentrations of Cr (see Table 1) were cut
by spark erosion with a diameter of 12mm and a thickness of 4mm. After
mechanically polishing the samples down to 1 mm using diamond paste, the samples
were electropolished with a sulfuric acid methanol base solution [25]. One of the
most critical issues during nanoindentation is the surface condition of the sample,
specifically, when observation of pop-in and examination of the dislocation
nucleation is the aim. Any step and inhomogeneity on the surface increases the
scatter of the pop-in load [26]. Figure 1 shows the topography and surface quality
Figure 1. Surface topography of Fe3Al–0.5Cr alloy before and after indentation. (a) Surface
topography prior to indentation, (b) typical matrix of indents and (c) surface prole along the
line 1 in Figure 1a.
Table 1. Surface roughness of Fe3Al–xCr samples after electropolishing with
methanol-sulfuric acid base solution developed for these alloys.
Surface roughness Measurement area
Material RRMS (nm) Ra (nm) mm
2
Fe–26Al 1.06 0.87 27.363
Fe–26Al–0.5Cr 0.580 0.464 20.772
Fe–26Al–4Cr 0.65 0.52 51.521
Fe–26Al–5Cr 0.78 0.60 27.688
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after this surface preparation process for the Fe3Al alloy. Table 1 summarizes the
surface roughness of the different chromium Fe3Al alloys after surface preparation.
Another critical issue during the investigation of the pop-in and dislocation
nucleation process is the orientation dependence of the pop-in load [27–29].
Therefore, in order to exclude the orientation effect from our measurement and to
make the comparison of data from different samples possible, EBSD measurements
were performed to characterize the different crystallographic orientations and grain
sizes in all samples as shown in Figure 2. Then grains with orientation close to (1 0 0)
are chosen for performing the nanoindentation tests. For indentations made on (1 0 0)
plane the maximum shear stress calculated according to the Hertzian contact model
lies on the (1 1 0) slip planes below the surface, i.e. the maximum shear stress is equal to
the resolved shear stress on the slip plane.
In all the specimens the grains were larger than 500 mm. Considering the very
small indentation depth, such a grain behaves like a single crystal during nano-
indentation. Nanoindentations were performed with a Hysitron TriboIndenter
equipped with a PerformechTM controller using a Berkovich diamond tip. In order to
Figure 2. Orientation imaging maps resulting from EBSD measurements on different samples
alloyed with. (a) 0.5 at.% Cr, (b) 4 at.% Cr and (c) 5 at.% Cr.
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eliminate any scatter due to the change in the surface properties, the samples were
directly nanoindented after electropolishing.
The load function used for the indentation consisted of a loading segment with a
500 mN/s loading rate and a 1 s holding time at peak value, with an additional 1 s
holding time at 10% of the peak value during unloading for drift correction [30].
3. Results and discussion
The typical L–D curves for samples with different Cr content nanoindented on
(1 0 0) oriented grains are presented in Figure 3. The L–D curves of Figure 3 show
three stages: elastic loading, an excursion in depth (pop-in) at the onset of plasticity
and continued elastoplastic loading. The initial elastic portion of the loading curves
can be fitted with the Hertzian elastic response
P ¼ 4
3
Er
ﬃﬃﬃﬃﬃﬃﬃﬃ
Rh3
p
ð1Þ
where P is the applied load, h is the indentation depth, R is the radius of the tip
curvature, and Er is the reduced modulus, given by the following [31].
1
Er
¼ 1 
2
1
E1
þ 1 
2
2
E2
ð2Þ
Figure 3. Typical load–displacement curves measured on the (1 0 0) oriented grains of samples
with different chromium contents. The perfect surface preparation resulted in
minimum scattering of the data. (a) Cr free sample, (b) 0.5% Cr alloyed, (c) 4% Cr alloyed
and (d) 5% Cr alloyed.
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where E is the elastic modulus and  is Poisson’s ratio. The subscripts 1 and 2
indicate the tip and the sample, respectively. For a diamond tip ¼ 0.07 and
E¼ 1140GPa can be assumed. The reported values of elastic constants in ref. [32] are
used to evaluate Young’s modulus and Poisson’s ratio of stoichiometric Fe3Al
following the Voigt–Reuss–Hill averaging method [33] as 162.2GPa and 0.293,
respectively. The value of 162.2GPa is in good agreement with our measured value
from nanoindentation tests [34] reported in Table 2. The value of Er¼ 153.65GPa is
calculated according to Equation (2) for Fe3Al. With the known value of Er, it is now
possible to estimate the radius of the Berkovich tip by fitting the elastic part of the
L–D curves of the Fe3Al (Cr free specimen) according to Equation (1). By this
procedure the tip radius was found to be 1500 nm.
The initial elastic loading begins as soon as the tip contacts the material surface
and continues until HDN occurs. For an indentation test, the applied shear stress
that nucleates a dislocation can be assumed to be the maximum shear stress beneath
the indenter at the onset of the pop-in. This maximum shear stress acts on a 45
inclined plane below the surface. For our (1 0 0) oriented grains the maximum shear
stress lies on a (1 1 0) plane, which is a slip plane for Fe3Al at room temperature [35].
According to continuum mechanics the position of the maximum shear stress is
approximately 0.48 times the contact radius, a, below the sample surface. Computer
simulations support this approximation [36]. The position and value of the maximum
shear stress zðmaxÞ, and max, are given by the following [31].
zðmaxÞ ¼ 0:48
3PR
4Er
 1
3
ð3Þ
max ¼ 0:31 6E
2
r
3R2
P
 1
3
: ð4Þ
If we insert this tip radius into Equation (4), we obtain a maximum shear stress for
each pop-in load. This maximum shear stress is responsible for the HDN below the
tip at zðmaxÞ. Classic dislocation nucleation theory, as summarized by Hirth and
Lothe [37], suggests that the energy required to generate a dislocation loop depends
on the shear stress. The free energy of a circular dislocation loop of radius r is
given by:
DG ¼ 2rW r2b ð5Þ
Table 2. Parameters involved in Equation (7) and the mean pop-in load, Ppop-in,
experimentally observed during nanoindentation of the Fe3Al alloys with different Cr content.
Samples a (nm) [46] b (nm)  (nm) E(GPa) [34] Ppop-in (mN)
0.0 at.% Cr 0.2895 0.2507 0.1857 165.3 600
0.5 at.% Cr 0.2894 0.2506 0.1856 165.8 650
4.0 at.% Cr 0.2887 0.2500 0.1852 171.7 800
5.0 at.% Cr 0.2885 0.2498 0.1850 188.5 900
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whereW is the line energy of the dislocation loop, b is the Burgers vector, and  is the
external shear stress acting on the loop (i.e. the Peach–Ko¨hler force [38]). The first
term on the right-hand side of Equation (5) describes the energy required to create a
dislocation loop of radius r in a defect-free lattice and the absence of any stress field.
The second term gives the work done by the applied stress  as a result of the Burgers
vector displacement and indicates the work done on the system to expand a
dislocation loop of radius r, in another words, the area swept by the dislocation, i.e.
the activation area under the applied stress for a given loop radius. However, within
the classical concept of the thermally activated mechanisms in crystal plasticity, the
activation energy of a given process is divided into the following two terms:
DG ¼ DG0  V ð6Þ
where V is the activation volume. For our process of HDN the activation volume for
the formation of a dislocation loop, with a given radius r, is equal to r2b and the
barrier activation energy at zero stress DG0 is equal to 2rW. If we assume that the
homogeneously forming dislocation loop within the region of the maximum shear
stress below the tip is circular, then we can use the line energy W for a circular loop
as given by [37]:
W ¼ 2 
1 
b2
8
ln
4r

 2
 
ð7Þ
to rewrite Equation (5) as follows:
DG ¼ 2 
1 
rb2
4
ln
4r

 2
 
 r2b ð8Þ
where  is the shear modulus and  is the dislocation core radius. For a material with
known values of ,  and  it is possible to calculate the changes in both barrier
activation energy at zero stress DG0, and activation volume V for the process of
HDN as a function of the dislocation loop radius. For the given applied stress  it is
possible to draw DG0,  V and DG as a function of loop radius. Figure 4 shows such a
plot for Fe3Al at two different applied shear stresses ¼/20 and ¼/170. The
higher shear stress is comparable with the theoretical shear strength th of Fe3Al
predicted by Frenkel’s model [39]. The lower shear stress is comparable with the
typical yield stress of a polycrystalline Fe3Al [40].
Figure 4 shows that for a given shear stress, at small dislocation loop radii, the
total increase in the lattice energy as a result of the dislocation loop formation (green
dashed curve in Figure 4) is larger than the external work done by the applied shear
stress (red dashed and dotted curve in Figure 4), and the total change in the free
energy (blue solid curve in Figure 4) of the system is positive. This means any
dislocation loop nucleus, formed within this range of radii is unstable and will
vanish. This situation changes, however, as the radius grows in size, so that with
larger radii, the free energy becomes negative. Therefore, the free energy for the
formation of a dislocation loop, at a given applied stress , passes through a
maximum (DG*) at a critical loop radius r
C
. DG* defines the activation volume for
the HDN process at the given stress, , and temperature, and r2
C
b defines its
activation volume. This means that the activation volume for HDN is in fact not
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constant as assumed by Mason et al. [41], but is dependent on the applied shear stress
as shown in atomistic simulations [42,43]. This can be explained physically by
considering that at the given stress and temperature, for thermally activated HDN, a
certain volume of the material should be excited by the stress field. At a reduced
stress level and the same temperature, a larger volume of the material should be
excited in order to observe the thermally activated HDN. Now on the basis of the
harmonic transition state theory [44], one can discuss the probability of a HDN
under the given strain rate (indentation rate) and temperature [22]. This paper only
focuses on the constant strain rate and temperature results. DG* at a loop size r
C
could be found by setting @DG/@r¼ 0. The growth of any nucleus with a radius
smaller than r
C
requires an activation energy to overcome the DG* energy barrier and
form a stable dislocation loop. Rice and Beltz [45] estimated that the available
thermal energy for thermal activation of dislocation nucleation at the crack tip is in
the range of 30 kT (0.77 eV at room temperature). We can assume the same thermal
energy contribution for the HDN during nanoindentation. This means that pop-in is
only observed for loads having a free-energy maximum, as typically shown for two
different stresses in Figure 4, lower than the available thermal energy at room
temperature (0.77 eV shown in Figure 4a).
This criterion (DG* 0.77 eV), together with Equation (4), can be used in
combination with the measured mean pop-in loads (Table 2) from different samples
to calculate the effect of alloying elements on the process of HDN. The involved
parameters in Equation (7) that can be influenced through alloying are b,  and .
The change in b is coupled with a change in the lattice constant by addition of Cr. As
a first approximation, we can assume that the change in  is also only coupled with
the change in the lattice constant. These changes are given in Table 2 based on the
change of the lattice constants as reported by Fria´k et al. based on ab initio
calculations [46].
Two different methods were used to calculate the shear modulus, . The first
method is based on the measured mean pop-in load and uses Equations (5) and (7).
The other method is based on the measured E values according to the Oliver–Pharr
Figure 4. Change in free energy of homogeneous dislocation nucleation for Fe3Al as a
function of dislocation loop radius r. (a)  ¼ =20  th and (b)  ¼ =170  y.
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method and uses the relation ¼E/2(1þ ) to calculate . Figure 5 shows the
change of both independently calculated shear moduli for samples with different Cr
content and the changes in Young’s modulus [34]. Both independently extracted
values of  (from the pop-in load) and E (from the Oliver–Pharr method) show a
similar trend, which is in good qualitative agreement with the theoretical and
experimental measurements reported by Fria´k et al. [46].
The elastic moduli (bulk, shear, Young’s) are proportional to the second
derivative of the crystal energy, Uc, with the displacement field. In other words, an
elastic modulus is a measure of the increase of the crystal energy with dilatation (bulk
modulus), normal strain (Young’s modulus), or shear strain (shear modulus)
imposed by an external stress. Rose et al. [47] have shown that metallic binding-
energy distance curves can be approximately scaled into a single universal relation
for adhesion [48] and cohesion of metals [49], as well as chemisorption on metal
surfaces [48]. In each case the energy relation can be expressed as:
Ucðd Þ ¼ DUc Uc ðdÞ ð9Þ
where Uc(d) is the total energy as a function of the interatomic separation distance d;
DUc is the equilibrium binding energy, while Uc ðdÞ is an approximately universal
function which describes the shape of the binding-energy curve for metals. The
coordinate d* is a scaled length defined by:
d ¼ ðd dmÞ
l
ð10Þ
where dm is the equilibrium separation and l is a scaling length, which is to be
determined.
Figure 5. Change in the shear modulus, , and Young’s modulus, E, of the Fe3Al alloys with
different Cr content as a function of the Cr content. The shear modulus is independently
measured from the pop-in load dependence on the Cr concentration according to Equation
(5), whereas Young’s modulus, E, is calculated from unloading curves together with the
correction for the pile-up [34].
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The total-energy–distance curve for a given physical situation is determined from
the two scaling parameters, DUc and l, once the general form of Uc ðdÞ is established.
All currently available ab initio calculations for the cohesion and adhesion of metals,
as well as the chemisorption of gas atoms on metal surfaces, are shown to be
determined by this single relation. These findings suggest a commonality of metallic
bonding. From Equations (9) and (10), the following relation defines the second
derivative of the crystal energy Uc:
@2Ucðd Þ
@d2
 
d¼dm
¼ DUc
l2
@2Uc ðdÞ
@d2
 
d¼0
: ð11Þ
The total cohesive energy is a function of the separation between atoms for a
uniformly dilated lattice. The separation between atoms can be characterized in
terms of the Wigner–Seitz radius, rws, as suggested by Rose et al. [49]. The bulk
modulus at equilibrium can be defined using the Wigner–Seitz radius as follows:
B ¼ V2 @
2Ucðd Þ
@V2
¼ 1
12rws
@2Ucðd Þ
@r2ws
: ð12Þ
Equation (11) can be rewritten using the relations ¼E/2(1þ ) and B¼E/3(1 2)
and Equation (12) as follows:
UCohesive
l2
@2Uc ðdÞ
@d2
 
d¼0
¼  8ð1þ Þð1 2Þ rws: ð13Þ
Because of the universality, the ratio of the second derivative in the large parentheses
is independent of the considered metal.
Equation (13) has a simple physical meaning: The increase in the shear or
Young’s modulus is coupled with the increase of the strength of the interatomic
bonds. Therefore, the increase of the shear and Young’s moduli after addition of Cr
as a ternary alloying element strengthen the interatomic bonds.
4. Conclusion
By application of the classical dislocation and harmonic transition state theories, we
were able to develop a simple relation to measure the effect of alloying elements on
the shear modulus from the pop-in data. Furthermore, we correlated the changes in
the shear modulus with the interatomic bonds using the Rose potential. In this
manner we provided direct evidence of the enhancing effect of Cr on interatomic
bonds in Fe3Al alloy. Improvement of the interatomic bonds strength can have an
advantageous effect on resistance against HE as shown by in situ electrochemical
nanoindentation studies [25,50]. Our results also show that the application of the
nanoindentation method for development of new alloys in comparison to conven-
tional macroscopic mechanical tests is advantageous since: (i) it requires a very
limited volume of materials, i.e. a few cubic millimeters; (ii) it is possible to perform
many tests on this small piece of sample and obtain a reasonable statistic; and (iii) the
experimental results provide information on the intrinsic properties of the material
10 A. Barnoush and M. Zamanzade
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which are not influenced by microstructural features and the inhomogeneities usually
present in macroscopic samples.
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In order to evaluate the effect of chromium concentration on the mechanical properties of single phase
iron aluminum intermetallics, speciﬁcally those containing 26 at.% Al, a nano-indentation technique was
used. The grain orientations of samples were revealed with the aid of Electron Backscatter Diffraction
(EBSD) technique. Additionally, the surface roughness of each sample was checked after electropolishing
with the aid of Atomic Force Microscopy (AFM). Finally, all nano- and micro-indents were performed
within the (001) orientated grains, where the surface roughness was less than 1.06 nm on average, in all
samples. The OliverePharr method, with correction for pile up, was used to calculate the Young’s
modulus and nano-hardness for Fe3AlexCr alloys. Additionally, the effect of Cr on the shear stress needed
for homogeneous dislocation nucleation, internal friction stress of dislocation motion (PeierlseNabarro
stress) and ﬂow stress was studied.
 2013 Elsevier Ltd. All rights reserved.
1. Introduction
Among the different intermetallic alloys, iron aluminides have
been widely studied since the 1930’s, when their excellent oxida-
tion resistancewas ﬁrst noticed [1 and 2]. The low cost, low density,
good wear resistance, ease of fabrication, and resistance to corro-
sion and sulﬁdation of iron aluminides [1e6] make them very
attractive as a substitute for routine stainless steels in industrial
applications. Furthermore, they allow for the conservation of less
accessible elements such as nickel and molybdenum, with the
added beneﬁt of a better strength to weight ratio than stainless
steels.
One major limitation of Fe3Al alloys is their poor ductility at
ambient temperatures. It is now known to arise from the interac-
tion of water vapor in the air with the aluminum on the surface of
the specimen [5]. One possibility for overcoming this limitation is
to alloy the Fe3Al intermetallics with other elements. Chromium is
one of the most studied elements added to the binary alloys to
enhance the mechanical properties at room temperatures [6e8].
McKamey et al. [6] found that increasing the chromium concen-
tration by up to 6 at.% improved room temperature ductility from
approximately 4% to 8e10%. Moreover, they observed a difference
in the character of dislocations with the addition of Cr. In order to
discriminate between the effect of themicrostructure and the effect
of the composition, we used the Nano-Indentation (NI) technique
which has opened up a new era in mechanical testing methods
during the last decade. Small sample size, and an extremely small
probed volume of sample during NI, allows for easy pre- and post-
characterization of the samples [9 and 10]. It is now possible to
nano-indent a selected crystallographic orientation to explore local
plastic deformation characteristics of the sample. This technique
was used earlier for calculation of different mechanical character-
istics such as Young’s modulus, nano-hardness [7 and 8] and also
to resolve dislocation nucleation in Fe3Al intermetallics [8].
Additionally, dislocation source activation energies [11e13], the
mobility of dislocations [14] and their interactions with each other
[15] can be probed by means of the NI technique.
In this paper, we present the results of nano- and micro-
indentation tests on different Fe-26Al-xCr alloys to shed more
light on the inﬂuence of chromium content on the interatomic
bonds and characteristics of dislocations.
2. Experiments
The samples used in these experiments were made using the
vacuum induction melting method. In all samples, the concentra-
tion of aluminum is kept constant at 26 at.%. The samples were cast,
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and Methods, bldg. D2.2, Campus, D-66123 Saarbrücken, Saarland, Germany.
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and then cut by spark erosion, into sets of cylinders with a 12 mm
diameter. Each set had a chromium concentration of 0.0, 0.5, 4.0 or
5.0 at.%. TEMmeasurements performed by Stein et al. [4] on several
binary and ternary alloys with the same concentration of
aluminum, and same history of heat treatment, show the existence
of D03-ordered, single phase solid solutions at room temperature.
In order to observe homogenous dislocation nucleation (HDN)
during NI, it is necessary to remove any potential heterogeneous
nucleation site on the surface i.e. all surface steps had to be
removed. Therefore, a surface with very low roughness was pre-
pared by ﬁrst polishing down to 1 mm with diamond slurry and
then electro- polishing with a 1 M sulfuric acid-methanol solution
[8] to remove mechanical damage on the surface. When examined
with Atomic Force Microscopy (AFM), the average root-mean-
square roughness of the samples was 1.06, 0.58, 0.65 and 0.78 nm
for samples with 0.0, 0.5, 4.0 and 5.0 at.% chromium, respectively.
In order to exclude the orientation effect, Electron Backscatter
Diffraction (EBSD) measurements were performed to characterize
the different crystal orientations. Grains with orientations close to
(001) were identiﬁed and marked by means of micro-indents. NI
was performed on selected, freshly electropolished grains at room
temperature. In all samples, the grain sizes were more than 500 mm
in diameter, making it possible to perform tens of nano-indents on
each grain. Considering the very small indentation depth, such a
grain should act similar to a single crystal during nano-indentation.
We used a Hysitron TriboIndenter with the Performech
controller and a Berkovich and conical diamond tip to perform
nano-indentation. The tip area function was deﬁned with the
conventional method of fused quartz calibrations. All nano-indents
were performed with the same loading rate of 500 mN/s and
unloading rate of 1000 mN/s.
3. Theory
According to the OliverePharr method [16 and 17], the reduced
Young’s modulus can be measured by analyzing the elastic unloa-
ded part of the Load Displacement curves as follows:
Er ¼ b
ﬃﬃﬃ
p
p
2
ﬃﬃﬃﬃﬃ
Ac
p S (1)
The calculated Er relates to the Young’s modulus and Poisson’s
ratios of the sample (E and y) and the indenter (ET and yT) according
to Eq. (2). For the diamond tip, one can use ET ¼ 1140 GPa and
yT ¼ 0.07 based on the data supplied by the producer.
1
Er
¼ 1 y
2
E
þ 1 y
2
T
ET
(2)
The nano-hardness (H) can also be measured according to Eq.
(3):
H ¼ Pmax
Ac
(3)
where Pmax is the maximum applied load. During NI, materials with
limited elasticity accommodate the volume of the indenter by
plastic ﬂow of the material, eventually piling-up around the tip.
Pile-ups change the real contact surface area and cause an over
estimation of measured E or H [18]. Oliver and Pharr [19], based on
the ﬁnite element simulation of nano-indents, proposed a criterion
for judging the probable underestimation of the contact area due to
pile-ups. According to their criterion, the pile-up effect becomes
signiﬁcant if the ratio of the ﬁnal indentation depth (hf) to the
indentation depth at the maximum force (hmax) is higher than the
critical value of 0.7 for a conical tip. This ad-hoc approach provides
a tool for rapid judgment on the possible error in the nano-
hardness and Young’s modulus measurement. However, it does
not provide a solution for correction of the error. The most
appropriate methods to correct the pile-up effect on contact area
estimation are based on imaging the indents with high spatial
resolution. Kese et al. developed a method for correction of the
contact area according to the topography images by aid of the
following analytical formula [20 and 21].
A ¼ Ac þ APU ¼ Ac þ 5:915hc
X
ai (4)
According to this model, the pile-up contact area at each side of
Berkovich tip is considered to have a semi-elliptical form with
major axis L and minor axis ai. ai can be measured based on the
indent’s shape and L can be rewritten as a function of hc for an
“ideal” Berkovich tip, where Ac ¼ 24:56h2cand Ac ¼
ﬃﬃﬃ
3
p
=4 L2 for
the equilateral triangle indents. This was used to ﬁnd the semi-
elliptical projected pile-up contact area ðp Lai=4Þ for each side of
the indent. Because the value of ai varies from one side of an indent
to the other, the summation of ai for each indent side can be used to
ﬁnd the total pile up contact area as is stated in Eq. (4).
Symbols
A, Ac and APU projection of the i) real contact area between tip
and surface, ii) contact area determined by the
OliverePharr method and iii) the pile-up contact
area
ai horizontal distance of the pile-up contact perimeter
from the edge of indentation
B bulk modulus
b magnitude of the Burgers vector
Cij elastic constants
di the vertical height of pile-up
E young’s modulus
Er the reduced Young’s modulus measured by the Oliver
ePharr method
H and H0 hardness at different depths and micro-hardness
h and hc measured displacement and contact depth determined
by the OliverePharr method
k the distance between slip planes
L the length of the side of the projected triangular area of
Berkovich indenter
P applied load
R the tip radius
S stiffness of material and relates to the slope of the load
edisplacement (LeD) curve at the initial unloading
segment
a ¼ 90  q empirical constant depending on the tip shape and q
is the half angle of the tip
b a correction factor depending on the tip geometry
(1.034 for a Berkovich indenter)
4 taylor coefﬁcient which is between 0.1 and 0.5
depending on dislocation structures
m and mVRH-or-Her experimentally measured and analytically
calculated values of shear modulus
y poisson’s ratio
sﬂow ﬂow stress in uniaxial tension
sPN friction stress
smax maximum applied shear stress
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This concept, with some optimizations, was used to correct the
pile up effect in our NI data. We also assumed a semi-elliptical form
for the pile-ups. The major axis L was calculated based on the Ac
instead of hc because no NI tip can be treated as an ideal Bekovich
tip, and instead of ai we used xi, which is the projected part of pile-
up, xi ¼ ½ðhmax  hcÞ þ dicos a, where a ¼ 90  q was measured
based on the method presented in Appendix A (Fig. 1);
A ¼ Ac þ 2:167
ﬃﬃﬃﬃﬃ
Ac
p X
½ðhmax  hcÞ þ di (5)
The experimentally measured values of Young’s modulus were
compared with the analytically calculated values for polycrystalline
Fe3Al samples based on the Voigt-Ruess-Hill and Hershey’s ho-
mogenization methods [22]. Additionally, we calculated the ma-
terial’s resistance to uniform compression (B), mVRH-or-Her and y
using the following equations:
mVRH ¼

1
10
ðC11  C12 þ 3C44Þ þ
5C44ðC11  C12Þ
8C44 þ 6ðC11  C12Þ

(6a)
64m4Herþ16ð4C11þ5C12Þm3Herþ½3ðC11þ2C12Þð5C11þ4C12Þ
8ð7C114C12ÞC44m2Herð29C1120C12ÞðC11þ2C12Þ
C44GHer3ðC11þ2C12Þ2ðC11C12ÞC44 ¼ 0
(6b)
B ¼ ðC11 þ 2C12Þ=3 (6c)
EVRHorHer ¼ 9BmVRHorHer=ð3Bþ mVRHorHerÞ (6d)
yVRHorHer ¼ ð3B 2mVRHorHerÞ=½2ð3Bþ mVRHorHerÞ (6e)
4. Results and discussion
Fig. 2 shows reproducible Load Displacement (LeD) curves
related to the samples with different Cr concentrations. The curves
start with a completely elastic deformation segment, which is fol-
lowed by a displacement burst, called pop-in. The initial elastic
loading begins as soon as the tip contacts the material surface and
continues until Homogeneous Dislocation Nucleation (HDN) occurs
[23]. The LeD curves show that an indentation test in the elastic
regime probes a lateral region of, at most tens of nanometers, to the
point where the pop-in is noted. Afterward, the elastoplastic
deformation occurs in the rest of the loading segment.
4.1. Effect of Cr on the elastic properties
Table 1 summarizes the effect of Cr on increasing the mean
values of E. Acceptable agreement is achieved between the
measured and calculated (Table 2) values using the elastic con-
stants of Fe28Al and Fe28Al6Cr single crystals reported in reference
[24]. However, there is some small variation which could be due to
a difference between the Al concentration in the tested sample
(26 at.% with possibly slight variation) and the reference data
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Fig. 1. The geometry of contact surface and pile-up after indentation with a Berkovich
indenter.
Fig. 2. Typical load-displacement curves of a) Fe26Al b) Fe26Al0.5Cr c) Fe26Al4Cr and d) Fe26Al5Cr.
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and/or due to the anisotropy in elastic properties of Fe3Al
C11  C12s2C44ð Þ [25].
As expected from the decrease in hf/hmax ratios given in Table 1,
with the addition of a chromium concentration, less pile-up form
around the indents as shown in Fig. 3aed. This behavior was
identical after indentation with several different maximum loads.
We also studied the effect of alloying element on the pile-up forms
by indentation with an axisymmetric conospherical tip (Fig. 4).
Here again the images show the strong effect of Cr on the reduction
of pile-ups. The shapes of the emerging lobes relate to the shear
direction in the material. Pile-ups generally form in the direction
where glide of dislocations is easier [26 and 27]. The reduction of
average values of pile-ups after addition of Cr could be due to the
increase of the capability of the material to include plastic defor-
mation i.e. how far dislocations are capable to transfer the plasticity
into the material. This can be explained by considering the ease of
dislocation cross slipping in the Cr enriched samples.
The effect of Cr on the Ewas coupledwith the steadily increasing
pop-in load (Ppop-in) (Table 1). The P within the elastic regime can
be converted to the maximum shear stress (smax) acting below the
tip inside the sample according to Eq. (7);
sðmaxÞ ¼ 0:31
 
6E2r
p3R2
P
!1
3
(7)
After precise measurement of the R (Appendix A), Er, and with
substitution of the Ppop-in in Eq. (7), it is possible to calculate the
maximum shear stress responsible for HDN for each alloy (Table 1).
This maximum shear stress is comparablewith the theoretical shear
strength smaxz m/20 predicted by Frenkel’s model [28]. By addition
of Cr, the pop-load is increased, which means higher maximum
shear stress beneath the nano-indenter tip is required in order to
trigger the HDN process. Increase in the elastic modulus and critical
shear stress with the addition of different Cr concentrations is due
to the increase of the binding energy of atoms [29,30 and 8].
4.2. Effect of Cr on the hardness
The effect of Cr on the elasticity and dislocation nucleation has
been discussed, but Cr also inﬂuences the hardness of the material.
Hardness is deﬁned as the resistance of a material to plastic
deformation, and it is shown that the hardness is indentation depth
Table 1
Effect of chromium on the experimentally measured values of Young’s modulus,
shear modulus, hf/hmax, pop-in load and max shear stress (at Ppop-in).
Sample E (GPa) mðGPaÞ ¼ E=2ð1þ yÞ hf/hmax Ppop-in (mN) smax (GPa)
0.0 at.% Cr 165  3 63.59 0.68 567.48 3.55
0.5 at.% Cr 166  3 63.77 0.65 684.33 3.80
4.0 at.% Cr 172  2 66.05 0.66 750.89 4.01
5.0 at.% Cr 189  4 72.52 0.62 963.28 4.64
Table 2
Effect of chromium on the analytically calculated values of bulk modulus, shear
modulus, poisson’s ratio and Young’s modulus. The calculations were based on the
elastic constants of C11 ¼ 166.36, C12 ¼ 122.58, C44 ¼ 130.97 GPa for Fe28Al and
C11 ¼ 188, C12 ¼ 125.0, C44 ¼ 126.3 GPa for Fe28Al6Cr [24].
Fe28Al Fe28Al6Cr
B (GPa) m GPa) y E (GPa) B (GPa) m (GPa) y E (GPa)
VRH 137.2 65.55 0.29 169.62 146 72.74 0.29 187.13
Hershey 137.2 66.66 0.29 172.10 146 73.94 0.28 189.78
Fig. 3. The form of pile-ups in Fe26Al0.5Cr (a1ea3) and Fe26Al5Cr (b1eb3) samples. The indents were performed with a Berkovich indenter and the maximum applied load was
1200 (left), 5000 (center) and 10,000 mN (right).
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dependent i.e. the so called Indentation Size Effect (ISE) [31]. Based
on Nix and Gao [31], the measured hardness relates to the inden-
tation depth as follows:
H ¼
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
9s2flow þ

81
2
bm242tan2 a

1
h
s
(8)
Here, sﬂow is considered without inclusion of intrinsic lattice
resistance. In the case of materials with high friction stress, like bcc
metals or materials with covalent or ionic bonds, it is also necessary
to include the effect of friction stress on the hardness (sPN).
Therefore, Eq. (8) could be modiﬁed to Eq. (9) [32 and 33].
H ¼
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
9s2flow þ

81
2
bm242tan2 a

1
h
s
þ 3
ﬃﬃﬃ
3
p
sPN (9)
At very large depths, where 1/h / 0, we will have
H0 ¼ 3sflow þ 3
ﬃﬃﬃ
3
p
sPNand the hardness won’t be depth depen-
dent, as we can also observe in Fig. 5 where the hardness values are
relatively constant. The dependency of the measured H, on the
depth of indentation, in the sub-micrometer depths, up to 150 nm,
ﬁts very well with the modiﬁed Nix and Gao model when the
sPN ¼ 289 & 296 MPa is used for samples with 0.5 and 5 at.% Cr.
Additionally, the ﬂow stress of alloys can then be estimated as
sﬂow ¼ 550 & 360 MPa. The Taylor coefﬁcient used was 4 ¼ 0.3,
which indeed falls into the right range for 4. The sPN could be also
analytically calculated as follows [34]:
sPN ¼
mð0:15þ 0:03ðb=xkÞÞ
ð1 yÞ exp
2pxk
b

(10)
where x ¼ 1=ð2ð1 yÞÞ. The calculated sPN for the samples with 0,
0.5, 4 and 5 at.% Cr were 0.280, 0.280, 0.294 and 0.320 GPa,
respectively, based on the values reported in reference [8] and are
in agreement with the ﬁtted values.
All in all, the results show the incremental increase of sPN and a
decrease of sﬂowwith Cr addition. The increase of sPN is mainly due
to the inﬂuence of Cr on shear modulus and the strengthening of
interatomic bonds after Cr addition, as discussed earlier. For the
majority of materials, micro-hardness scales linearly with elastic
shear modulus (or sPN) for a given bonding type (covalent, ionic or
metallic) [35]. However, as the results show, with addition of the Cr
to the Fe26Al, the relationship no longer holds. Alloys with 5 at.% Cr
have less micro-hardness, although the shear modulus increases.
The reason could be the strong inﬂuence of Cr on the sﬂow. The
decrease of ﬂow stress relates to the least strongly pinned segments
in dislocations. Once these pinned segments become mobile,
plastic deformation spreads by the mitigation of kinks, which could
Fig. 4. Topography (above) and gradient (below) images of nano-indentations performed on Fe26Al0.5Cr (a and c) and Fe26Al5Cr (b and d) samples. The indentations were
performed with a conical tip and the maximum applied load was 30 mN.
Fig. 5. a) The changes in hardness (H) at different indentation depths.
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also be the reason for the decreased height of pile-ups and wide
spreading slip lines in the Cr enriched alloys shown in Figs. 3 and 4.
5. Conclusion
In this paper, the effects of Cr addition on elastic and plastic
properties of the Fe-26Al-xCr intermetallic alloys were studied. For
this, the nano-indentation technique was used due to: (i) small
volume of the sample required to make indentation within the
single grain. (ii) Fast and reproducible results in the case of the
properly prepared samples. (iii) Imaging possibility of the system
for pre- and post-indentation analysis of the surface. The results
show the effect of chromium on the increase of the Young’s
modulus, maximum shear stress for homogeneous dislocation
nucleation and friction stress in Fe3Al intermetallics. All of which is
due to the effect of chromium on the enhancement of interatomic
bonds. Additionally, Cr decreases the sﬂow and eases the cross
slipping of dislocations. This conclusion was conﬁrmed with the
inﬂuence of Cr on the reduction of the pile-up heights.
Future works are planned to evaluate the mechanical properties
of the different crystallographical orientations as well as the in-
ﬂuence of Cr on environmental embrittlement of iron-aluminums.
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Appendix A
In a completely new approach, we measured the real shape of
our nano-indentation tip (R) using reverse tip imaging. A com-
mercial calibration silicon grating, (TGT01 from NT-MDT Inc.,
Fig. 6a) having spikes with 10 nm radius, is imaged by a Hysitron
Tribo-Indenter with in-situ imaging ability. The resulted image is
shown in Fig. 6b and c. Scanning a nanoindenter tip over these
structures provides an inverted image of the nanoindentor tip,
yielding a mirror image of the tip shape, because the tip radius is
almost 100 times larger than the spikes radius. An unwanted
change in the shape of the tip could easily be observed as a
consequence of tip deterioration or contamination.
A sphere was ﬁtted to the Berkovich tip image at half of the total
elastic displacement before pop-in, because, as it is shown in [36],
“the depth of the circle of contact beneath the specimen’s free
surface is half of the total elastic displacement”. The calculated tip
radius with this method was 1.47 mm (Fig. 6d), which was used as
the tip radius for the calculation of the maximum shear stress
needed for HDN (Table 1).
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The effect of chromium content on the electrochemical properties of Fe3Al intermetallics is examined.
The susceptibility of alloys to pitting and crevice corrosion in solutions with different concentrations
of Cl ions was studied with the aid of cyclic polarization and galvanostatic methods. The form of the pits,
and their concentration on different crystal orientations, was evaluated with the Scanning Electron
Microscopy (SEM) and Electron Backscatter Diffraction (EBSD) techniques. Additionally, Electrochemical
Impedance Spectroscopy (EIS) and the Mott–Schottky (MS) methods were used to characterize the pas-
sive ﬁlm. The results show the beneﬁcial effect of Cr for corrosion and hydrogen embrittlement
resistance.
 2013 Elsevier Ltd. All rights reserved.
1. Introduction
Among the different possible ordered superstructures of alu-
minium and iron, Fe3Al and FeAl with D03 and B2 structures at-
tract the most interest due to their reasonable strength and
toughness in vacuum and oxidizing atmospheres [1–9]. The other
major driving force for the usage of Fe–Al intermetallics is the
low cost of production for such a low-density material. Remarkable
enrichment of aluminium within the passive ﬁlm [6] plays a ben-
eﬁcial role on the passivation of iron–aluminium intermetallics.
This layer is best in near neutral and Cl free solutions [1,2], and
it maintains its desirable oxidation resistance at high temperatures
[3–5]. However, there are barriers that limit the wide usage of bin-
ary alloys at room temperatures which are their low ductility in
atmospheres containing H2 or water vapour [10,11] and high sen-
sitivity to localized (pitting and crevice) corrosion in Cl containing
solutions [1].
One potential way to overcome these problems is the addition
of alloying elements to the binary alloys. Chromium, in general,
is a very good candidate for enhancement of the physico-chemical
properties of the barrier oxide layer in iron base alloys [12,13]. The
passive layer formation on Fe–Cr alloys under electrolytic condi-
tions arises by simultaneous oxidation of the Fe and Cr. Coupled
with selective dissolution of Fe, it enriches the chromium on the
surface [14–16]. The constructive effect of Cr on the passive behav-
iour of Fe–Al–Cr intermetallics was shown earlier in [17,18]. Cr
doped intermetallics have the tendency to broaden the passivation
region and reduce the sensitivity of alloys to pitting corrosion in
the Cl containing solutions. Additionally, the beneﬁcial effect of
Cr on the mechanical properties [19,20] and the reduction of
hydrogen embrittlement of Fe3Al intermetallics was observed
[11]. In this study, we added different concentration of Cr to the
Fe3Al intermetallics where the Al concentrations remained con-
stant at the 26 at.%. Our target is more an in-depth analysis of
the effect of variation in the Cr content in order to gain a detailed
understanding of the inﬂuence of Cr on corrosion processes. The
electronic behaviour, thickness and effective capacitance of the
passive layer were characterized with different electrochemical
methods, and additionally the resistance of alloys to pitting and
crevice corrosion was studied.
2. Experimental
2.1. Sample and solution preparation
The samples used in these experiments were made using the
vacuum induction melting method. In all samples the concentra-
tion of aluminium remained constant at 26 at.%. The samples with
different concentrations of chromium (0.0, 0.5, 4.0, and 5.0 at.%)
were cut by spark erosion into cylinders with a 12 mm diameter.
The working surface was ground with emery paper to 4000 grit.
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Afterward, the samples were cleaned ﬁrst by double distilled water
and then by being submerged for ten minutes in an ethanol ultra-
sonic bath prior to testing.
All solutions were made from analytical-grade reagents and
double distilled water. A borate buffer (H3BO3[0.3 M], Na2B4O7-
10H2O[0.075 M]) with the pH of 8.4 was used for cyclic-polariza-
tion, electrochemical impedance and capacitance measurements.
Sodium chloride of various concentrations was added to the borate
solutions for polarization and galvanostatic measurements. All
tests were carried out at ambient condition.
2.2. Electrochemical measurement
A conventional three-electrode electrochemical ﬂat cell inside a
Faraday cage was used for performing the electrochemical tests.
The surface area of specimens after installation in the cell was
0.92 cm2. A saturated KCl, Ag/AgCl reference electrode was con-
nected to the cell through a Luggin capillary. All potentials are con-
verted and reported in this paper vs standard hydrogen electrode
(SHE). A platinum foil with the surface area of 4 cm2 was used as
the counter electrode. The DC and AC tests were performed using
a Zahner IM6ex electrochemical testing system. In the case of DC
tests, the working electrodes were left to stabilize at its free corro-
sion potential for one hour before starting experiments. We
approximated the maximum allowed applied scan rate (vmax) for
polarization tests based on the method deﬁned by Scully [21]:
vmax ¼ p10 ½DEppfmax ð1Þ
where DEpp is the peak to peak voltage excitations in the EIS tests,
fmax = 1/[2p Cdl(Rs + RP)], Cdl is the double layer capacitance, Rs is the
solution resistance and RP is the polarization resistance. All these
parameters could be calculated through the concepts of impedance
and the Bode-phase curves. At the scan rates below vmax the capac-
itors remain fully charged and the current/voltage relationship re-
ﬂects only the interfacial corrosion process. Here we applied the
maximum allowed sweep rate of 1.5 mV/s. Additionally, galvano-
static anodic current of 1 mA/cm2 was applied to the samples sub-
merged in borate buffer +0.01 M NaCl solution in order to check the
mechanism of pitting and density of pits in different crystal orien-
tations. Slew rate of the start phase was driven by the 1 mA/s.
EIS measurements were performed at different potentials from
0.54 up to1.04 VSHE with 100 mV steps and frequencies from
20 kHz to 2 Hz with voltage amplitude ±10 mV. The 0.54 VSHE re-
fers to the potential with the stable passive layer and 1.04 VSHE is
just below the oxygen evolution potential. The EIS measurements
were performed after reaching the steady-state current at each po-
tential i.e. after c.a. 1 h. The validity of all the EIS results were
tested with the Kramers–Krönig transformation in order to check
the three requirements formulated for the constraints of the linear
system theory (LST) i.e. causality, linearity and stability [22–25].
Mott–Schottky (MS) tests were performed by stepping the po-
tential in the positive direction from 0.04 VSHE to 1.04 VSHE in
50 mV increments. The impedance was measured at one particular
frequency after each 50 mV change of potential. The potential was
then stepped and held at the ﬁlm formation potential until the
steady-state current was achieved. A total of three different fre-
quencies were employed: 1000, 700 and 500 Hz.
2.3. Surface characterization
After application of the deﬁned anodic current for 10 and 600 s
the morphology of metastable and stable pits, and their density,
were studied with the aid of Zeiss RIGMA™-VP Field Emission
Scanning Electron Microscopes (FE-SEM) equipped with an Energy
Dispersive X-ray (EDX) and EBSD detectors. EDX analysis was
performed with the brand new large area (20 mm2) Silicon Drift
Detectors X-Max 20 SDD with Inca Energy 450 software package
from Oxford Instruments, UK. Spectral resolution for these detec-
tors is better than 129 eV. Additionally, Oxford AZtec EBSD sys-
tem combined with Nordlys hardware was used for performing
EBSD measurements.
Band contrast (BC) maps from the EBSD measurements were
used to characterize the density of the pits. BC is an electron back-
scatter patterns (EBSP) quality factor derived from the Hough
transformation that describes the average intensity of the Kikuchi
bands with respect to the overall intensity within the EBSP [26].
Since EBSPs along the topographical features, like grain boundaries
and pits on the surface, tend to show poor BC, therefore they can be
easily distinguished in the BC map.
The samples were prepared for EBSD with electropolishing of
samples with 1 M sulphuric acid in a methanol solution for 10 s.
This is to remove damage imparted to the specimen surface by
the grinding and polishing and corrosion products after performing
electrochemical tests. Electropolishing, however, changes the form
of pits and removes the sharp edges of the pits. Hence, to correlate
between the crystallographic characteristics of pits and their form,
some pits were characterized ﬁrst with SEM directly after galvano-
static measurements and then the crystallographical plane of the
pits were studied with EBSD after electropolishing of the corroded
samples.
3. Results and discussion
3.1. Passivity break down and pitting corrosion
3.1.1. Electrochemical DC measurements
Representative polarization curves are displayed in Fig. 1 for
different intermetallics in solutions with various concentrations
of Cl. In the borate solution with the pH of 8.4, the surface of all
alloys apparently passivated. The corrosion potential was located
at approximately 0.1 VSHE and the transpassive potentials began
around 1.1 VSHE. The strong increase of the current at higher poten-
tials correlates with the oxidation of the water and evolution of the
oxygen on the surface. The current that we measured during the
polarization in the passive range was less than 10 lA/cm2 and is
due to the presence of defects in the oxide ﬁlm. Existence of defects
makes the composition of the passive layer nonstoichiometric and
increases its conductivity [22]. However, the low electrical conduc-
tivity of the passive layer indicates that the redox reactions seem
to be almost blocked. The measured current density in the passive
region is in the same range as passivation current densities for pure
iron or aluminium in a similar electrolyte [1,27–29]. The small
deviation from the pure metals is due to the coexistence of iron,
aluminium and chromium oxides on the intermetallic alloys. Exis-
tence of a mixture of Fe–Al [2] and Fe–Al–Cr [11] oxide was ob-
served on the passive layer formed on binary and ternary
intermetallics using the XPS technique.
Increasing the Cl concentration to 0.001 M did not change the
corrosion potential of the air formed passive layer, the current den-
sity in the passive range and the transpassive potential. Although,
at higher potentials, where oxygen evolution was taking place on
the surface, the local destruction of the passive layer happened
independent of the Cr concentration and the alloys failed to repass-
ivate again after reversing the polarization. The breakdown of the
passive ﬁlm can occur by either mechanical or electrical forces.
The chloride ions are not necessary for damage to the passive ﬁlm
to occur [30]. However, the initiation of pits requires Cl ions, in
addition to the application of a potential higher than pitting poten-
tial. As was shown here, the role of Cl may be to prevent the
repassivation of the intermetallics after transpassive potential.
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In the borate buffer +0.01 M NaCl, we observed a steep current
increase and passivity breakdown for all alloys at the potentials be-
low the occurrence of oxygen evolution. The passive range
achieved was only about 300 mV in the sample with 5 at.% of Cr,
and decreased with any reduction of the chromium content in
the intermetallics.
Polarization curves performed in solutions with 0.001 and
0.01 M NaCl (Fig. 1 c and d) show that after reversing the scanning
potential, the materials fail to obtain repassivation; the anodic cur-
rent remained very high and the hysteresis loops closed at low
potentials. It is the polarization characteristics for electrodes sus-
ceptible to crevice and pitting simultaneously, since crevices are
more difﬁcult to passivate than pits. Crevice corrosion, which
develops in shielded areas at specimen/holder interface during
potentiodynamic measurements, was clearly identiﬁed in the
SEM images (Fig. 2).
3.1.2. Surface characterization
Because of the very high sensitivity of all Fe3Al–xCr intermetal-
lics to crevice corrosion, it makes it very difﬁcult to differentiate
between two samples or conditions with only a minor difference
in the expected pit resistance. As was proposed by Frangini and
De Cristofaro [31], to limit crevice corrosion, and study more care-
fully the effect of chromium concentration on pitting behaviour,
we used the galvanostatic polarization method. On the basis of
the results, we observed signiﬁcant reduction in crevices and more
homogeneous distribution of pits in the samples but, unfortu-
nately, it did not hinder it completely. The process of pitting corro-
sion, in general, acidiﬁes the pit solution due to hydrolysis of
dissolving metal ions [32,33]. However, the buffer capability of
the borate solution prevents a rapid change in local pH of the solu-
tion but it does not hinder it completely [34,35]. Ions like Cl are
carriers of current ﬂow and hence will concentrate around the pits.
This establishes the gradients in solution composition and
electrode potential, which maintains the metal surface inside the
pit in an active state in contrast to the passive state outside. As it
is shown in Fig. 3, this process makes the pits deeper and deeper.
The pits formed on all samples had crystallographic character-
istics. The sides of the pits were composed of sharply deﬁned facets
and steps (Fig. 4). With the aid of the EBSD technique, it is shown
that the pit’s growth direction is parallel with the {110} crystallo-
graphic direction. In the D03 structure of Fe3Al intermetallics, the
{110} close packed planes have thermodynamically lower surface
energy because fewer bonds would be broken per unit area when
the new surface is formed. This is the reason for the ease of pit
nucleation in these planes, in comparison with the other low indi-
ces planes.
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Fig. 1. Potentiodynamic polarization curves of Fe–26Al alloys with different concentration of Cr in borate buffer (a) without Cl, (b) with 0.0001 M NaCl, (c) with 0.001 M
NaCl and (d) with 0.01 M NaCl.
400µm
Crevice corrosion
Fig. 2. (a) Secondary electron SEM image shows existence of crevice corrosion in
the Fe26Al4Cr intermetallic after polarization measurement.
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Based on the EBSD measurement (Fig. 5), strong localization of
pits in special orientation or grain boundaries was not seen in any
of the samples. However, it seems that the {110} oriented grains
have slightly more pit density than other orientations. Therefore,
the easy nucleation of pits in the {110} plane does not guarantee
localization of pits in the {110} orientation, due to the inﬂuence
of some other parameters like (i) misorientation between the oxide
ﬁlm and metal substrate, (ii) the competitive rate of ﬁlm dissolu-
tion and formation, in different crystal orientations and (iii) chlo-
ride content in the passive ﬁlm; more detailed information about
the density of pits in different materials is presented in Refs.
[36–38].
However, the effect of Cr on the reduction of the density of pits
is clearly shown in Fig. 6. In addition to faceted holes, metastable
Fig. 3. Secondary electron SEM image show initiation of new pits inside the pre-exciting pits due to the gradients in solution composition and/or electrode potential.
Fig. 4. Secondary electron SEM image of two different pits with sharp edges in the Fe26Al0.5Cr intermetallic before electropolishing (a and b) and after electropolishing (c).
Band contrast (d) and EBSD (e) images show the grain boundaries and grain orientations.
Fig. 5. EBSD (a–c) and band contrast (d–f) images in the Fe26Al5Cr intermetallic show the initiation of pits in both inter- and trans-granular sites. The corrosion pits are the
black circles in the images (d–f).
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pits with percolation-cluster-like patterns were also observed
(Fig. 7). We observed higher density of the percolation patterns
in samples with higher concentrations of Cr. Fig. 7b shows that
the growth of clusters also happened frequently on grain
boundaries.
The ﬁrst impression from these metastable pits is that they
are formed on the surface of the sample due to the concentra-
tion inhomogeneity, but, as it is shown in Fig. 8, homogeneous
distribution of the different alloying elements is proved by
quantitative chemical analysis, performed by energy dispersive
X-ray spectroscopy (EDX), at ﬁve different places. A known ﬂaw
is that the resolution of the EDX is only accurate within a
volume of several micrometres, depending on the acceleration
voltage. Therefore, any micro-segregation of elements within a
volume smaller than a few micrometres is undetected by this
method. However, the size and spreading pattern of the meta-
stable pits are far above the EDX resolution and this conﬁrms
that the formations of these patterns are not due to the compo-
sition variation within the alloy. TEM measurements performed
by Stein et al. [39] on several binary and ternary alloys with
the same concentration of aluminium, and same history of heat
treatment, conﬁrm the existence of D03-ordered, single phase
solid solutions at room temperature.
The metastable pit perimeter, as shown in Fig. 7, is irregular
and distinct growth regions are formed which propagate in the
metal ﬁlm. Higher density of the metastable pits in Cr doped
samples could be due to the effect of Cr on the increment of
the transpassive potentials. The initiation, growth and repassiva-
tion of the metastable pits happened at the potentials below the
pitting potentials in less than a few seconds during the galvanic
current application. However, re-passivation of the metastable
pits is possible due to their lower current density in compare
with the stable pits [40,41]. Fast scanning rate may enhance
the initiation of the metastable pit while long-term experiments
make a local condition which allows pit stabilization. In crevices,
additionally, transformation of the metastable pits into stable
pits can happen [30].
3.2. Electrochemical AC measurements
3.2.1. EIS study in borate buffer solution
For all samples, the Bode-phase plots (Fig. 9a and c) show just
one time constant and the Nyquist spectra (Fig. 9b) exhibited an
unﬁnished capacitive arc, typical behaviour for a compact passive
layer [42]. A mixed single oxide layer composed of Fe–Al or Fe–
Al–Cr oxides for binary and ternary alloys is responsible for the
corrosion resistance of intermetallics. Additionally, existence of
an inhomogeneous electrode surface could be seen in the EIS mea-
surements, where the phase angle minimas are less than 90 [22].
In these cases, the interface between solution and sample does not
work like a perfect capacitor. Hence, modelling the interface with a
Constant Phase Element (CPE) is often appropriate. Due to this
behaviour, we used a modiﬁed Randles circuit, with a CPE, instead
of a capacitor (Fig. 9d) that exhibits a similar impedance spectrum
to the measured spectrum. The impedance of the CPE is deﬁned as
[43,44]:
ICPE ¼ 1
Q jxð Þm ð2Þ
where Q and m are the CPE constant and exponent respectively,x is
the angular frequency (rad/s) and j2 = 1 is the imaginary number.
Fig. 10a and b show the calculated values for solution resistance (Rs)
and oxide ﬁlm resistance (Rp) after ﬁtting the experimental data
with the modiﬁed Randles circuit. As was expected, the Rs was con-
stant at different potentials and stays in the same range for all the
tests. At low potentials, Rp is almost constant for both samples,
which suggests that the ﬁlms’ electrical conductivity does not
change very much. On the contrary, Rp in sample Fe26Al5Cr showed
a peak at 0.94 VSHE (Fig. 10b). This could be due to an increase in the
enrichment level of the alloying elements (chromium) in the oxide
layer since this characteristic was also observed for Al–4% Cr and
Al–9% Cr in the chloride containing solutions [30].
We used two different models (i) Hsu–Mansfeld [45] and (ii)
Brug [46] for calculating the effective capacitances of the passive
layers (CH&M and CB repectively) as a function of potential
800µm   Secondary electron 800µm   Backscattered electron
a b
c d
Grain bounderies
Stable pits
Metastable pits
800µm   Secondary electron 800µm   Backscattered electron
Fig. 6. Secondary electron (left) and Backscattered electron (right) SEM images after 600 s, application of galvanostatic anodic current of 1 mA/cm2. The images show the
reduction of the density of pits with increment of Cr concentration from 0.5 at.% Cr (a and b) to 5 at.% Cr (c and d).
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(Appendix A). The calculated capacitances, follow the same trend
(Fig. 10c). However, the overestimation of the CH&M may be be-
cause of ignoring the solution resistance in the model; in contrast
to the Brug model which considers the effect of both Rs and Rp [45].
Very high values of the capacitance (calculated with both methods)
and resistance of the passive layer, in solutions without Cl, clearly
show that the oxide layers are thin and compact in all different
samples. The effective capacitance decreases with the applied
a b
20µm   Secondary electron 100µm   Secondary electron
Fig. 7. (a) shows the existence of stable and metastable pits in the Fe26Al5Cr intermetallic after 600 s, application of galvanostatic anodic current of1 mA/cm2. (b) shows the
growth of the metastable pits through the grains boundaries and inside the grains in the Fe26Al5Cr intermetallic after 10 s, application of galvanostatic anodic current of
1 mA/cm2.
a
AlK -distribution 1µm FeK -distribution 1µm CrK -distribution 1µm
b c
Fig. 8. EDX element mapping of different alloying elements show homogeneous distribution of Al (a), Fe (b) and Cr (c).
Z' (Ω cm2 )
0 1x106 2x106 3x106
Z"
 (Ω
cm
2  )
-3x106
-2x106
-1x106
0
Frequency (Hz )
10-3 10-2 10-1 100 101 102 103 104
Ph
as
e 
an
gl
e 
(d
eg
re
e)
-80
-60
-40
-20
0
Fe26Al (0.54 VSHE)
Fe26Al (1.04 VSHE)
Fe26Al5Cr(0.54 VSHE)
Fe26Al5Cr(1.04 VSHE)
Frequency (Hz )
10-3 10-2 10-1 100 101 102 103 104
I Z
 I 
(Ω
cm
2  )
103
104
105
106
0.01 0.1
105
106
2 mHz
2 mHz
2 mHz
 Electrolyte   Oxide layer  Bulk material
CPE
RP=Rct
Rs
a b
c
d
Fig. 9. Phase (a), Nyquist (b) and Bode (c) plots, vs applied potential; and the equivalent electric circuit used to model the EIS data (d). The curves obtained for Fe26Al alloys
with different concentration of Cr in the borate buffer solution.
228 M. Zamanzade, A. Barnoush / Corrosion Science 78 (2014) 223–232
potential until 0.94 VSHE, but increases as the potentials get close to
the oxygen evolution potential. The effective capacitance of the
passive layer has a diverse relationship with the thickness of the
passive layer (d) [22]:
C ¼ ee0
d
S ð3Þ
where S is the surface area of sample exposed to the solution, e0 is
vacuum permittivity, e is the relative dielectric constant of the
passive layer. Due to the lack of information in the literature about
the dielectric constant of passive oxide layer of Fe26AlxCr interme-
tallics, for the ﬁrst approximation, we used the average value of the
relative dielectric constant for steel [33] and pure aluminium [27]
passivated in a borate buffer. Fig. 10d shows the changes of the
oxide layer thickness for different samples at different potentials
using the capacitance values measured with the Brug model. Addi-
tion of Cr increases the capacitance of the passive layer and, hence,
decreases the thickness of it. With each increment of the applied
potentials, both alloys behave similarly. First, we observed thicken-
ing of the passive layer and, afterward, the reduction of the passive
layer were observed in both alloys which indicates slight dissolu-
tion of the passive layer at potentials higher than 0.94 VSHE.
3.2.2. Mott–Schottky analysis
The Mott–Schottky (MS) analysis was used, in order to evaluate
the semiconducting characteristics of the passive layers (Appendix
B). The nonstoichiometric nature of the passive layer composition,
in addition to its local structural inhomogeneties, is what makes
the passive layer semiconductive [47–49]. The localized states in
the band gap have different energies and those with low energies
have longer time constants for charging and discharging. This
may give rise to a frequency dependence of the space-charge
capacity. This fact is conﬁrmed from the results of the MSmeasure-
ments where the measured ‘‘double-layer capacities’’ depend on
the applied frequency (Fig. 11). The dispersion of the MS plots, at
different frequencies, makes it difﬁcult to measure the ﬂat-band
potential (Efb) and the donor density (ND) of the passive ﬁlm. To
ﬁnd the proper frequency, we compared the capacitance values
measured with the MS method with those calculated based on
the Brug (CB) and Hsu–Mansfeld (CH&M) models. Since the CB values
are very close to the C values measured with the MS method at
1000 Hz, we assumed the existence of capacitance behaviour at
this identical frequency and C(1000Hz)was used for the measure-
ment of the ND and Efb. In this high frequency, the charge density
in the space-charge region is just the sum of the static positive
charge on the ionized donors, and the mobile negative charge of
the conduction electrons. This is in contrast to the data points mea-
sured at lower frequencies where the low energy defects may also
play role on the measured capacitance. Fig. 11 shows that the slop
of the MS curves (C2sc  EðSHEÞ) in the samples with different Cr
content is close to zero at the potentials close to OCP, while at more
anodic potentials, all curves have positive slope. The positive sign
of the slope is an indicator of the n-type behaviour of the passive
layers in the applied range of potentials.
The negative sign of the slope at more positive potentials, espe-
cially in samples with high concentration of Cr, is an indicator of
the p-type behaviour of the passive layers. The n-type transforma-
tion into the p-type at higher potentials indicates the increase of
the concentration of metal vacancies in the passive ﬁlm. At the
potentials around 0.94, the electro-oxidation of Cr3+to Cr6+ may
happen which causes the p-type characteristic of the passive layer.
The formation of Cr6+ at higher anodic potentials leads to increased
production of metal vacancies in the passive ﬁlm. However, forma-
tion of a p-type passive layer increases pitting resistance by substi-
tution of the oxygen vacancies to the metallic vacancies.
Easy adsorption of chloride ions on the metallic sites makes
the n-type passive layers more sensitive to pit nucleation. The ef-
fect of the electronic structure on pitting can be explained by a
point defect model [50]. This model assumes that the chloride ions
are incorporated into the passive ﬁlm by occupying anion vacan-
cies. This results in a decrease of anion vacancies and an increase
in the cation vacancies. When the cation vacancies start to pile
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Fig. 10. Show the solution resistance (a), polarization resistance (b), capacitance (c) and passive layer thickness (d), vs applied potential. The curves obtained for Fe26Al alloys
with different concentration of Cr in the borate buffer solution.
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up at the metal interface, a breakdown of the ﬁlms occurs [51].
Hence, one possible rate-determining step for the passive ﬁlm
breakdown, in a chloride environment, is the rate of the adsorbed
chloride ion’s penetration into the passive ﬁlm. Measurement of
the donor densities for samples at 1000 Hz shows an increase from
6  1019 for samples with Fe26Al to 7  1019 for samples with
5 at.% Cr. Higher donor densities associated with more disordered
structures of the passive ﬁlms may correspond to a higher penetra-
tion rate and less stable passive ﬁlm. Cheng et al. [51] and Morach
et al. [52] found that materials with a lower number of localized
states have better resistance to localized corrosion. This conclusion
is in contrast with the results we found based on the polarization
tests, where a longer range of passivation was observed in
Fe26Al5Cr alloy, and SEM images showed a lower density of pits
in samples with more concentrations of Cr. In agreement with
our results, Bockris and Kang [53] observed the enhancement of
the pitting resistance of aluminium alloys after addition of Cu,
Ta, Mo and W although the slop of the MS curves was decreased
in the results (which shows the increment of the donor densities).
The reason is that, non-uniform passive layers may have high en-
ergy sites (called special ‘‘entry sites’’), at which the chloride can
be more strongly adsorbed, and can subsequently penetrate into
the passive ﬁlm [53]. In other words, the contribution of donors
on the penetration of the adsorbed chloride ion’s will not be
rate-determining step at all. All kinds of surface (grain boundaries)
or line (dislocations) defects, for example, could work as an entry
site. Especially in the case of aluminium and aluminium alloys,
the existence of chain like AlOOH in the aluminium passive ﬁlm
[53] may ease the penetration of the chloride, and thus, the rate
of the passive ﬁlm breakdown would depend upon the chloride
ion penetrating through these entry sites. It shows that we cannot
relate directly the resistance of the passive layer to the density of
donors.
The Cr3+ size is 63 pm, slightly bigger than the size of the Al3+ ion
(51 pm) [54]. This explains why, Cr3+ will substitute at the Al3+ site.
During the formation of the passive ﬁlm, Cr3+ diffuses into the solu-
tion/oxide interface. Theymay segregate at the crystal imperfection
sites which act as the entry sites for the chloride ions because of the
high surface energy of the defects. Thus, the entry site may be
blocked by the alloying oxides. The segregating of atoms to defects
in passive layer and reducing their formation energy is similar to
that by which surfactants reduce surface energies in solutions.
The saturation of the oxide/electrolyte could be seen by the changes
of the ﬂat-band potentials where no space charge arises in the
passive layer. Our results show the decrease of Efb from 0.010 to
0.125 VSHE with increase of the chromium concentration from 0
to 5 at.% Cr. The shift of Efb to the negative values would imply that
the oxide is less defective, more corrosion resistant, and thus, less
susceptible to pitting as explained by Menezes et al. [55]. He
performed his measurements for pure Al, and AA 7075 and AA
3003 alloys in chloride, molybdate and sulfate solutions using the
photoelectrochemical technique.
Furthermore, the ﬂat-band potential is equal to the potential of
zero charge (EPZC) when the potential drop across the space charge
is zero. In general, the EPZC can be determined by the following
equation when the potential drop of the space charge layer due
to the speciﬁc adsorption is known [53]:
EPZC ¼ EFB  jDUSCj ð4Þ
here DUSC is the potential drop across the space charge layer. The
potential at which the chloride starts to adsorb depends on the EPZC.
Anodic shift of EPZC moves the critical potential of adsorption to
more anodic potentials. Due to the linear dependence of the ﬂat-
band potential to the EPZC, the addition of alloying elements which
increase the Efb may facilitate the Cl adsorption at the passive
layer/solution interface [53]. It is the reason that some authors
use the inﬂuence of alloying elements on Efb as a criterion for study-
ing the susceptibility of different aluminium alloys to the pitting
corrosion [53].
However, different features of pitting corrosion should be
cleared up to propose a proper model for pitting corrosion of each
material. The breakdown of the passive ﬁlm dependents upon the
properties of the ﬁlm (like semiconductor properties); and the sta-
ble pit growth, depends upon the processes occurring within the
pit. Pits nucleation or passive layer breakdown is controlled by
either Cl adsorption/concentration at the passive/solution inter-
face or diffusion of anions through the passive layer. According
to our results, the rate-determining step in the mechanism of
the protectiveness of the Fe26Al5Cr intermetallics is the penetra-
tion of Cl (and not the Cl concentration at the passive/solution
interface). The protectiveness of the chromium enriched interme-
tallics is enhanced by blocking the entry site of the chloride
penetration.
In addition to the Efb effect on the pitting corrosion of alloys, the
effect of Cr on the ﬂat-band potential is very important for another
reason. A large increase in cathodic current occurs below the ﬂat-
band potential [45]. This is very important, especially for iron-alu-
minium intermetallics, because of very high susceptibility of alloys
to hydrogen embrittlement (HE). Films with more negative ﬂat-
band potentials are less susceptible to HE due to the decreased
reduction kinetics associated with high ﬂat-band potentials. Addi-
tion of chromium decreases the ﬂat-band potential, and therefore,
reduces the kinetics of the water reduction reaction and hydrogen
formation which is believed to be one important reason for the low
ductility of alloys in the moist containing environments.
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Fig. 11. Frequency dependence of Mott–Schottky plots of passive ﬁlms formed in borate buffer solution on Fe26Al0.5Cr (a) and Fe26Al5Cr (b).
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4. Conclusion
With the aid of different electrochemical methods as well as the
SEM and EBSD techniques, we tried to characterize the effect of Cr
on the passive layer. The results show:
1- Incorporation of Cr as a ternary alloying element into the
passive ﬁlm increases the resistance of the alloys to pitting
corrosion and decreases the average density of pits. How-
ever, addition of 5 at.% Cr to the binary Fe3Al intermetallics
does not hinder the pitting and crevice corrosion of alloys
completely.
2- More metastable pits were observed in samples with higher
concentrations of Cr.
3- The pit facets have the {110} orientation. The grain with the
{110} orientation have slightly higher pit density in compar-
ison with other orientations, but the difference was not
signiﬁcant.
4- Addition of Cr increases the effective capacitance and donor
density of the passive layers. The effect of Cr on the polariza-
tion resistance was more obvious at high anodic potentials
where the strong enrichment of the passivation layer with
Cr3+ and Cr6+ could make a more protective p-type passive
layer.
5- Addition of Cr decreases the ﬂat-band potential. It causes
less susceptibility of Cr enriched intermetallics to the mois-
ture induced hydrogen embrittlement.
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Appendix A
Hsu and Mansfeld used a normalization factor x/xc, to enable
the use of the parameter CH&M with the dimension ‘Farad’. Where
CH&M is the effective capacitance of a CPE and xc could be mea-
sured as follows [45]:
xc ¼ 1=RPQð Þ
1
m ð5Þ
based on their theory, the maximum in the imaginary component of
the impedance occurs at a critical frequency, regardless of the CPE
exponent m.
CH&M ¼ Q xcð Þm1 ð6Þ
The Brug model [46] could be used also for measuring the effec-
tive capacitance of the passive layer. It was developed for an irre-
versible uniform charge transfer and works in the absence of the
faradaic processes.
CB ¼ Q
1
m R1s þ R1P
 m1
m ð7Þ
Based on Brug´s model, ‘‘CPE is coupled not only to the solution
resistance but also to the charge-transfer resistance (or more gen-
erally to the faradaic impedance), if it is caused by microscopical or
sub-microscopical heterogeneity of the electrode surface.’’ [46].
Appendix B
Under depletion conditions, the MS approximation for an n-
type and p-type semiconductor is given by the Eqs. (8) and (9)
respectively [51]:
1
C2
¼ 2
eeoeND
E Efb þ kTe
  
ð8Þ
1
C2
¼  2
eeoeND
E Efb þ kTe
  
ð9Þ
where C is the measured capacitance of the ﬁlm-electrolyte inter-
face, k the Boltzman constant, T is the absolute temperature, E the
applied potential, Efb the ﬂat-band potential, e the electron charge,
ND the donor density and C can be described by following equation:
1
C
¼ 1
Csc
þ 1
CH
 1
Csc
ð10Þ
where Csc and CH are the space charge and the Helmholtz capaci-
tance, respectively. However, since the capacitance of the space
charge layer is very small compared with that of the Helmholtz
layer, the measured interfacial capacitance can be regarded as that
of the space charge layer when the potentials are applied with a
‘‘sufﬁciently’’ high frequency. The donor density of passive layer
could be measured with calculating the slop of the C2sc  EðSHEÞ.
The Efb + kT/e can be obtained by extrapolating the linear portion
of the line to C2sc ¼ 0 where kT/e = 25.67 mV at room temperature
(T = 298).
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Abstract
The objective of this work is to reduce the susceptibility of binary Fe3Al intermetallics to hydrogen embrittlement with the addition of
chromium as the ternary element. The Young’s modulus, Gibbs free energy for homogeneous dislocation nucleation (HDN) and velocity
of dislocations were evaluated by an in situ nanoindentation method in air and under cathodic and anodic charging. The results show the
inﬂuence of hydrogen on the reduction of Young’s moduli of alloys, in agreement with the hydrogen-enhanced decohesion model,
whereas measurements of the pop-in load indicate a drastic decrease after cathodic charging in samples with low Cr content. This is
thought to be due to the decrease of the energy needed for HDN in the dislocation-free samples based on the defect-acting agents con-
cept. Additionally, the eﬀect of hydrogen on the mobility of dislocations and also the inﬂuence of Cr on the characteristics of passive
oxide layer were analysed in detail.
 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: X-ray photoelectron spectroscopy; Electrochemical characterization; Electron backscatter diﬀraction; Nanoindentation; Dislocation loop
1. Introduction
Emerging new technologies require new materials with
better mechanical, thermal and chemical properties. On
the other hand, the depletion of natural resources demands
the use of raw materials which are available in large quan-
tities. Fe–Al-based intermetallics are good candidates for
fulﬁlling these requests. They have relatively high strength,
low density, low cost of production and good corrosion
resistance [1–3]. However, with these advantages come dis-
advantages. Binary iron aluminiums suﬀer from severe
hydrogen embrittlement (HE). Even the presence of a small
amount of water vapour at room temperature reduces the
ductility of Fe–Al-based intermetallics [4,5], especially
those with higher concentrations of Al [6,7]. This is because
the Al atoms react with the moisture, creating hydrogen,
and it is the resulting hydrogen atoms that are then respon-
sible for the lowered ductility [8,9]. One possible strategy to
control this problem is to add ternary alloying elements.
McKamey et al. [9] observed an increase in ductility of
8–10% at room temperature with the addition of 6 at.%
chromium. In general, the reasons for the increased ductil-
ity are thought to be caused by (i) the inﬂuence of Cr on the
bulk properties of binary alloys, such as facilitating the dis-
location cross-slipping, solid solution softening and an
increment in cleavage strength of alloys [9]; and/or (ii)
the eﬀect of Cr on the surface properties through a contri-
bution to the passive layers and the decrement of the
kinetic of water reduction reactions and hence the reduc-
tion of hydrogen formation/adsorption [10]. However,
despite these promising results, studies focusing on the
exact mechanism of Cr enhancement of the mechanical
properties in the presence of the hydrogen are missing.
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The main reason is that in addition to the complex nature
of the hydrogen eﬀect on mechanical properties, a discrim-
ination of the Cr eﬀect on the surface or bulk and its
interplay with the hydrogen also needs to be carried out.
In addition to studying the eﬀect of hydrogen on the
mechanical behaviour of the iron aluminides, the mecha-
nism of hydrogen transport within metals, especially in
the presence of microstructural imperfections, was studied
as well. Density functional theory–local density approxi-
mation calculations [11] in addition to periodic density
functional theory calculations within the generalized gradi-
ent approximation [12] predicted that hydrogen sits at tet-
rahedral sites in the bulk FeAl lattice, like its interstitial
sites in bulk Fe [13]. Hydrogen diﬀusivity in iron alumi-
nides is lower than in pure Fe [14–16]; and the activation
barrier varies from 0.42 eV [14], 0.22 eV [17] and 0.26 eV
[12] for Fe25Al, Fe40Al and Fe50Al, respectively. Electro-
chemical permeation tests [18–20] found that H diﬀusivity
in Fe–Al alloys decreases with increasing Al content. The
diﬀusion coeﬃcient at room temperature was measured
to be 108 m2/s [21] for Fe, 1011 m2/s [15,18] for Fe18Al,
1.45  1013 m2/s [15] for Fe25Al and 4.4  1013 m2/s [16]
for Fe40Al. More recent measurements at room tempera-
ture show an eﬀective diﬀusion constant of |5.57, 5.07, 4,
46, 3, 62 & 2.25|  1010 m2/s for Fe–|37, 40, 43, 46 &
50|Al, respectively [19]. Reported experimental diﬀusivity
data for Fe–Al alloys vary signiﬁcantly, presumably due
to experimental uncertainties, varying Al concentration,
impurities and microstructural diﬀerences [12]. Addition-
ally, increasing the chromium content of iron [22] or iron
aluminium [15] decreases the diﬀusion coeﬃcient and
increases the solubility of hydrogen, since the heat of
absorption decreases, and d-vacancies increase, with substi-
tution of iron with chromium [22].
For the passivated materials, the transport of hydrogen
through the passive layer is driven by the electric potential
gradient and the hydrogen concentration gradient [23], in
contrast to the transport of hydrogen in bulk materials,
which is controlled mainly by the concentration gradients.
The ionic characteristic of hydrogen atoms (protons) in
oxides [24] makes a strong coulombic interaction between
hydrogen and oxygen ions. It may cause a very high con-
centration of hydrogen in the oxide in comparison with
bulk metal or the metal/oxide interface. For iron, the ratio
of hydrogen in oxide to hydrogen in iron is measured to be
106 [23]. The transport of hydrogen within the oxide must
occur by the activated jumping of a proton from one oxy-
gen ion to another [25] and the necessary breaking of the
coulombic bond with the initial oxygen ion causes the
mobility of hydrogen in an oxide to be considerably lower
than that in the metal phase. Therefore, for example in the
case of Fe, the hydrogen diﬀusivity in the iron oxide layer is
much less than that in iron (1014 m2/s [23,26]). Based on
the density functional theory simulation [27], the existence
of an Al2O3 layer on the FeAl bulk material suppresses
the mobility of hydrogen atoms. Diﬀusion of the adsorbed
hydrogen atoms from the outer part of solution/oxide layer
into the a – Al2O3 layer is thermodynamically unfavour-
able, endothermic and rate controlling. In contrast, the H
diﬀusion from the inner part of a – Al2O3 to the oxide/bulk
interface as well as from the interface into the bulk of the
FeAl is a thermodynamically spontaneous processes and
exothermic [27]. It should be mentioned here that the diﬀu-
sion mechanism through the passive layer and also the pas-
sive layer/bulk metal interface is still largely unknown and
has so far not been completely explored in published
papers. Due to the existence of high donor densities in
the passive layers [28], the real thermodynamics and kinet-
ics of hydrogen diﬀusion may be far from the predicted val-
ues based on simulations or the measurements performed
on Al-rich coatings [29]. Therefore, an increase in hydrogen
diﬀusivity can be expected with an increase in the density of
defects and distortion of the long-range order of the lattice.
For probing the hydrogen eﬀect on the nanomechanical
behaviour of metals, we developed a novel method called
in situ electrochemical nanoindentation (ECNI). With the
aid of this technique, nanoindenting the samples was per-
formed while they were electrochemically charged with
hydrogen. Since the ECNI measures the nanomechanical
properties just below the surface, hydrogen saturation, after
a few minutes, happens although the diﬀusion rate is very
low in iron aluminides. The measured load–penetration
depth response of single crystals indented for nanometer-
scale depths could be used for calculating the elastic and
plastic properties of charged samples using the Hertzian
and Oliver–Pharr (O–P) methods [30]. The indenter
produces shear stresses underneath the tip contact region.
Beyond the elastic limit of a crystal, plastic deformation
happens by nucleation, propagation and multiplication of
dislocations. The displacement burst, or pop-in, which
appears after the initial elastic loading sequence of a nanoin-
dentation experiment, correlates to the homogenous disloca-
tion nucleation (HDN) if the size of the highly stressed zone
in the material is smaller than the average dislocation
spacing [31]. It is shown in experiments [32], as well as in sim-
ulations [33], that the measured maximum shear stress at the
pop-in load after HDN approaches the theoretical shear
strength [34]. Hence nanoindentation, unlike most of other
mechanical testing methods, also allows dislocation nucle-
ation events to be detected on well-prepared surfaces
[35–38]. Indentation of samples with high dislocation densi-
ties with a blunt tip mainly activates existing sources of dis-
locations such as Frank–Read sources. In this case, no
pop-in occurs [37] or plasticity initiates at the stresses consid-
erably below the theoretical stress needed for HDN [39,40].
Due to the very small volume of deformation during nanoin-
dentation, the dislocation substructure in a bulk sample
could be studied prior to, and after, the test with the tech-
niques like orientation gradient mapping [41], transmission
electron microscopy (TEM) [42] and electron channelling
contrast imaging [43].
The applicability of the ECNI method for studying the
hydrogen deformation interaction, and examining the
dependence of the pop-in loads on hydrogen charging,
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have been demonstrated in Cu [44], Ni [45] and Al [46], 316
and pulsed plasma nitrided alloys [47–50]. In this paper, by
applying ECNI after thorough surface and electrochemical
examination, we tried to clarify if the enhancement in
mechanical properties of the Fe3Al alloys with Cr addition
is a surface or a bulk eﬀect. The passive oxide ﬁlm formed
on the surface is characterized by means of X-ray photo-
electron spectroscopy (XPS). Electrochemical cyclic
voltammetry (CV) is used to investigate the electrochemical
behaviour of the surface, including passivation and hydro-
gen evolution reactions (HERs) in the electrolyte.
2. Experimental
2.1. Sample preparation
The samples used in these experiments were made using
the vacuum induction melt method. In all samples, the Al
content was kept constant at 26 at.% while diﬀerent
amounts of Cr were added. As-cast samples, with diﬀerent
concentrations of Cr (0.0, 0.5, 4.0, and 5.0 at.%), were cut
by spark erosion into cylinders with a 12 mm diameter.
Afterwards, the samples were mechanically polished down
to 1 lm, and then marked with a microindenter. The micr-
oindents were used later to ﬁnd the proper crystal orienta-
tion for the nanoindentation. Subsequently the samples
were electropolished with 1 M sulfuric acid in a methanol
solution [34] in order to remove the subsurface damage left
behind by mechanical polishing. We estimated the depth of
removal by the electropolishing step with the measurement
of the diagonal length of micro indents; the depth of
indents is 1/7 of the diagonal length for a Vickers pyramid
indenter with an angle of 136 between faces. For all sam-
ples the depth of removal was more than 500 nm. The results
published in Ref. [34] show the similarities between maxi-
mum shear stress at pop-in load and the theoretical shear
stress in samples with diﬀerent Cr contents. It conﬁrms that
the homogeneous dislocation nucleation is the likely mecha-
nism of initiation of plasticity rather than inhomogeneous
nucleation of dislocations that can arise from surface rough-
ness or the damage below the surface [51].
TEM measurements performed by Stein et al. [52] on
several binary and ternary alloys with the same concentra-
tion of aluminium, and same history of heat treatment,
show the existence of D03 –ordered, single phase solid solu-
tions at room temperature.
2.2. Electrochemical measurement
The CV technique is used to study the eﬀect of Cr
content on the electrochemical behaviour of the Fe3Al
intermetallics. CV measurements were performed on elec-
trochemically polished samples in a borate buﬀer solution
(H3BO3[0.3M], Na2B4O710H2O[0.075M]) with a pH of
8.4. The solutions were made from analytical-grade
reagents and double distilled water. A conventional three-
electrode electrochemical ﬂat cell inside a Faraday cage
was used for performing the electrochemical tests. The
surface area of specimens after installation in the cell was
0.92 cm2. A saturated calomel electrode was connected to
the cell through a Luggin capillary to avoid chloride
contamination. All potentials were converted and are
reported against the standard hydrogen electrode
(SHE). A platinum foil with a surface area of 4 cm2 was
used as the counterelectrode. CV was performed with a
scan rate of 20 mV/s using a Zahner IM6ex electrochemical
testing system. The working electrodes were left to stabilize
at its free corrosion potential for 1 h before starting
experiments.
2.3. Surface characterization
2.3.1. XPS
A Physical Electronics Quantum 2000 Scanning ESCA
Microprobe was used to perform XPS measurements and
analyse the surface composition of the freshly electropo-
lished samples. A penning source was operated with Ar+
(2 keV) for XPS depth proﬁling. The sputter rate was cali-
brated by using an oxidized silicon wafer of known oxide
thickness. Quantitative evaluation of spectra was carried
out on the basis of standard spectra of oxygen and the
alloying components. To reduce the number of ﬁgures,
original XPS spectra are not shown in this paper.
2.3.2. Microscopy
A Zeiss RIGMAe-VP ﬁeld emission scanning electron
microscopewas used to perform electron backscatter diﬀrac-
tion (EBSD) measurement. The EBSD measurements were
used to characterize the diﬀerent crystal orientations and
grain sizes. The surface quality was characterized, before
nanoindentation, with a Zeiss optical microscope equipped
with diﬀerential interference contrast and also a Bruker
dimension 3000 atomic force microscope (AFM). When
examined with an AFM, the average root-mean-square
roughness was 1 nm or less, after electropolishing [34].
Additionally, the surface roughness of the samples was stud-
ied before indentation at both cathodic and anodic potential
using the scanning mode of the triboindenter. In situ images
did not show diﬀerences in the roughness of the samples.
2.4. Nanoindentation
Nanoindentations were performed with a Hysitron
TriboIndenter equipped with Performech controller, nano-
DMA III compatible transducer, Stanford Research
System (SRS) 830 DSP lock-in ampliﬁer and National
Instruments USB-GPIB adaptor. The nanoDMA III soft-
ware, developed by Hysitron, has been used to perform
continuous measurement of the hardness (see Appendix
A). This testing method utilizes sinusoidal loading, concur-
rent with the quasistatic loading, which is varied with each
progressive step. The dynamic measurements were per-
formed with a ﬁxed frequency of 220 Hz, and the applied
displacement amplitude was always kept between 1 and
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2 nm to ensure the validity of the model used for analysis of
the results [53].
We used a Berkovich diamond tip for nanoindentation
of diﬀerent Fe26AlxCr intermetallics at deﬁned anodic or
cathodic potentials. In all specimens, the grain sizes were
larger than 500 lm in diameter. Considering the very small
indentation depth, a grain acts like a single crystal during
NI. A selected (001) grain orientation was marked and
all nanoindents were performed in the same grain to elim-
inate scatter in the data. The presented results are the aver-
age of more than 20 indents in each situation, and the
distance between the indents was at least three times
greater than the average diameter of each indent.
3. Results and discussion
3.1. Surface oxide composition
The distribution of iron (Fe and Feox), aluminium (Al
and Al3+) and chromium (Cr and Cr3+) after electro-
polishing were measured by the XPS method for diﬀerent
samples. The reason that we presented the sum of both
Fe2+ and Fe3+ cations as Feox is because of the preferential
sputtering of oxygen. Fe3+ could be reduced to Fe2+ and
hence the separation between Fe2+ and Fe3+ is question-
able [54]. The metals and their oxidized species are plotted
at diﬀerent depths in Fig. 1a–f. In both samples (samples
with 0.5 and 5 at.% Cr), the oxide/solution interface is
enriched by the Feox and Cr3+ ions. The reason for the
depletion of the outer side of the passive ﬁlm from alumin-
ium ions could be the dissolution of the ions in the very low
pH of the electropolishing solution. In the sample with
higher concentration of chromium, some part of Feox is
replaced by Cr3+ in the passive layer. However, the height
of the Al3+ maximum does not diﬀer with the addition of
chromium concentrations and it remains relatively constant
throughout the oxide ﬁlm thickness. In contrast, the Cr3+
and Feox concentrations were decreased signiﬁcantly at
higher depths. Fig. 1g–i shows a gradient of the iron
(Fe + Feox), aluminium (Al + Al3+) and chromium
(Cr + Cr3+) distribution through the passive oxide layer;
aluminium and chromium enrichment, with respect to the
bulk composition, is found at the central part of the passive
layer and decreases until the bulk concentration is reached.
In Fig. 2, a schematic model of the oxide layer is repre-
sented. In the sample with 0.5 at.% Cr, a very thin passive
layer was formed with a thickness of 3.5 nm (L1 + L2 
3.5 nm). A very slight decrease of the oxide layer thickness
to values of 3 nm was observed in samples with 5 at.%
chromium. The chromium and aluminium oxide signals
show a maximum at a depth of 1.5 nm (L1  1.5 nm).
3.2. Evolution of the passive ﬁlm
Electrochemical tests on freshly electropolished iron
aluminide samples were performed to study details of the
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Fig. 1. XPS sputter proﬁles of Fe–26Al–xCr alloys after electropolishing with a 1 M H2SO4/methanol solution. (a–c) Fe26Al0.5Cr. (d–f) Fe26Al5Cr. Sum
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electrochemical reactions taking place on the surface of the
samples. The voltagramms in Fig. 3 show an increase of the
current at the potentials at 0.5VSHE (A-I). It is due to
the oxidation of the remaining metallic aluminium atoms
in the passive layer after electropolishing; an identical peak
for pure aluminium was seen in borate buﬀer [55]. Addi-
tionally, up to three anodic current increases are obvious
on cyclic voltagramms. Similar anodic peaks were observed
in the voltammograms for pure iron and steels [56–58]. The
anodic peak A-II is due to the activation of the electro-
chemical reactions 1, 2 and 3 consequently [59].
Fe0ðsÞ ! Fe2þðaqÞ þ 2e ð1Þ
Fe0ðsÞ þ 2OHðaqÞ ! FeðOHÞ2ðsÞ þ 2e ð2Þ
Fe2þðaqÞ þ 3OHðaqÞ ! FeðOHÞ3ðsÞ þ e ð3Þ
Eq. (1) causes a material loss, as conﬁrmed with the
X-ray absorption near edge structure measurements per-
formed on the pure iron at the same pH [60]. The increase
of the Fe2+(aq) concentration in addition to the application
of anodic potential may cause the oxidation of Fe2+ to
Fe3+ base on Eq. (3). Due to the low solubility product
of Fe(OH)3 [59], it will precipitate on the oxide/solution
interface. The rate controlling step in Eq. (3) is the Fe2+
(aq) concentration.
There is another broad anodic peak, A-III, which corre-
sponds to the oxidation of the iron(II) oxide/hydroxide
layer formed at the ﬁrst stages of passivation, to an
Fe2+/Fe3+ oxide ﬁlm, as described by Eq. (4) [59]:
FeOðsÞ þ 2H2O! Fe3O4=Fe2O3ðsÞ þ 4HþðaqÞ þ 4e ð4Þ
At anodic potentials greater than 0.6 VSHE, a current
plateau is observable, which is due to the conversion of
the Fe2+ to Fe3+. The addition of chromium to the binary
alloys makes a new anodic peak, A-IV, in the alloys with
5 at.% Cr at 0.9 V. This peak was related to the electro-
oxidation of Cr3+ to Cr6+ [61].
The reduction peak appearing between 0.25 and
0.6 VSHE in the voltammograms could be identiﬁed with
the reduction of Fe2O3 and its dissolution as Fe
2+
(Eqs. (3) and (4)). Another cathodic current peak at the
potential of 0.9 VSHE was observed at higher cycles,
with the increment of Fe2+(aq) concentration. According
to Eq. (1) a part of the dissolved Fe2+(aq) will reduce to
Fe0 and precipitate at the oxide/solution interface.
With increasing the number of cycles the oxidation/
reduction peaks, the current in the voltammogram
decreased. After the ﬁfth cycle the anodic current peak
A-II almost vanished and the current density at the passive
range decreased. This observation suggests a dynamic
change in the composition of the passive layer. The reduc-
tion of the kinetic in Eqs. (1)–(3) is due to the dissolution of
iron (hydr)oxide at the passive layer/solution interface. The
presence of high concentration of Al results in the forma-
tion of a compact dense passive layer, which is responsible
for the low current density in the passive range. Since Al
(hydr)oxide and also chromium oxide are stable in the
pH of the electrolyte [55,62–64], we can expect the alumin-
ium (chromium) enrichment at the oxide–electrolye inter-
face, which is in agreement with the XPS measurements
performed by Frangini et al. [65], Schaepers and Strehblow
[54]. The Al-rich oxide may have a hexagonal structure, as
shown for the oxide layer formed on FeAl [66].
After ten cycles of polarization and stabilization of pas-
sive ﬁlm, the potential was scanned going toward more
negative potentials, as shown in Fig. 4. At more negative
potentials, the current abruptly increased exponentially
due to the hydrogen evolution (Eq. (5)):
2H2Oþ 2e ! H2 þ 2OH ð5Þ
The rate of water reduction reaction is controlled by
electrolyte composition, the electrochemical potential and
the ﬁlm’s semiconducting properties. It was earlier shown
Feox+ Alox(Al)+ Crox 
Fe+ Alox(Al)+ Cr(Crox)
Fe +Al +Cr 
Bulk material
L1
L2
Fig. 2. Schematic model of the passive layer formed on Fe–26Al–xCr
alloys after electropolishing with a 1 M H2SO4/methanol solution.
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that the passive layer formed on the iron aluminates has
n-type semiconducting behaviour [28]. For n-type semicon-
ducting passive layers, energy-band models predict that at
potentials more negative than the ﬁlm’s ﬂatband potential,
ﬁlms exhibit a drastic increase in reduction current with
increasing cathodic potential as the semiconductor enters
an accumulation mode [67]. In agreement with the results
presented earlier by Balasubramaniam [10], the addition
of 5 at.% Cr to the binary alloys increases the overpotential
of water reduction (up to 100 mV). It could be attributed to
the more negative ﬂatband potential of the passive ﬁlms
formed on the Cr-enriched samples [28]. This certainly
changes the kinetic of the hydrogen formation and adsorb-
tion into the Fe3Al intermetallic alloys and has an enhanc-
ing eﬀect on the susceptibility of low Cr content alloys
toward the HE.
Like pure aluminium [64], dissolution of Al2O3 may
happen due to local alkalization induced by the hydrogen
evolution reaction at high cathodic current densities.
Al(oxide) dissolution reaction under hydrogen evolution
is described as follows [64]:
Al2O3 þ 3H2Oþ 2OH ! 2AlðOHÞ4 ð6Þ
Alþ 4OH ! AlðOHÞ4 þ 3e ð7Þ
However for our ECNI tests we applied the cathodic
current of 100 lA/cm2. The reduction of the Al2O3 cannot
happen with the application of low currents [64] due to the
buﬀer capability of the solutions which suppresses the
increase in alkalization at low current densities. Hence
the pathway of hydrogen, in our experiments, starts with
the H2 molecules at the Al-rich passive layer and ends with
hydrogen atoms in Fe3Al bulk material steel.
3.3. ECNI
We implement ECNI in order to probe the bulk eﬀect of
the Cr addition to the Fe3Al alloys in the presence of
hydrogen. However, the XPS and electrochemical CV tests
showed that the Cr addition to these alloys may alter some
of the surface properties. Since the ECNI measures the
nanomechanical properties just below the surface, it is a
surface-sensitive technique [68]. Therefore we paid special
attention to keeping the surface condition of the samples
with diﬀerent Cr content the same. Also, all other possible
parameters, which may aﬀect the nanomechanical response
of the surface, are kept constant and unchanged by the fol-
lowing precautions. (i) In all samples, indentation was per-
formed in the grains with the similar (001) normal
orientation and also similar hu,v,wi directions. Detailed
information about the necessity of the indentation on the
grains with the same hh,k, li and hu,v,wi is presented in
Ref. [69]. (ii) The conﬁguration of the Berkovich tip was
kept the same for the ex situ and in situ indentations. (iii)
The surface roughness at diﬀerent polarizations was always
checked before performing nanoindentation with the scan-
ning probe microscope mode of our nanoindenter and
checked for its consistency with the freshly electropolished
surface roughness values. (iv) By selecting the anodic polar-
ization at 500 mVSHE according to the discussion in Sec-
tion 3.2, the Al3+ enriched passive layer was stabilized
for all samples and remained stable during the course of
the ECNI tests. (v) In order to have a similar hydrogen
charging condition (HER and/or hydrogen uptake and
transfer through the passive layer) and exclude the Cr eﬀect
on hydrogen over potential (Fig. 4), the hydrogen charging
was carried out in galvanostatic mode by the application of
a 100 lA/cm2 cathodic current density. By considering
these provisions we were able to obtain perfectly reproduc-
ible and comparable nanoindentation results with a very
low scatter, as shown in Fig. 5 for diﬀerent studied samples.
The load–displacement (L–D) curves start with a fully
reversible elastic segment before the displacement burst
(pop-in) occurs and followed by an elastoplastic deforma-
tion up to the maximum applied load and then fully elastic
unloading. In the following sections we will focus on the
eﬀects of hydrogen on each of the mentioned segments of
load–displacement curves.
3.3.1. Hydrogen eﬀect on elastic properties
Since only the apex of the NI tip is in contact with the
material during the initial elastic loading part and the tip
at the apex can be approximated with a sphere, the initial
elastic interactions between tip and surface could be mod-
elled with the Hertzian contact theory (Eq. (8)) [30]:
P ¼ 4
3
ErR1=2h
3=2 ð8Þ
where P is the applied load, h is the penetration depth, R is
the tip radius and the reduced elastic modulus (Er) can be
converted to the Young’s modulus E from 1Er ¼ 1t
2
E þ
1t2T
ET
.
Here ET = 1140 GPa and tT = 0.07 [68] are the Young’s
modulus and Poisson’s ratio of a diamond tip, respectively,
and t = 0.29 [69] is the calculated Poisson’s ratio of the
sample. An accurate measurement of R is the key to a pre-
cise measurement of Er. Using the advantage of the well-
deﬁned Young’s modulus of fused quartz (69.6 GPa [68]),
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Fig. 4. Rapid polarization scan (20 mV/s) of the Fe3Al intermetallics with
diﬀerent concentrations of Cr. The increase in cathodic current occurs due
to the activation of water reduction reaction.
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several fully elastic indents were made in fused quartz.
Curves were ﬁtted one by one with Eq. (8) to extract R
at diﬀerent maximum displacements (Fig. 6a). Fig. 6b
shows that R remains constant at depths between 12 nm
and 23 nm (R = 1.47 lm). The calculated radius was in
agreement with the value measured with the aid of the re-
verse tip imaging method [69]. The changes of R at higher
depths are due to the fact that the pyramidal part of the in-
denter will begin to penetrate into the sample where the
spherical Hertzian contact theory is no longer applicable.
For the Er measurement of diﬀerent samples, we ﬁtted
the ﬁrst 15 nm of all L–D curves with Eq. (8).
Additionally, the O–P method [70,71] (Eq. (9)) could be
used to measure the reduced Young’s modulus by analys-
ing the elastic unloaded segment as follows:
ErðOP Þ ¼ b
ﬃﬃﬃ
p
p
2
ﬃﬃﬃﬃﬃ
Ac
p S ð9Þ
where Ac is the projected contact area determined by the O–
P method, b is a correction factor depending on the tip
geometry (1.034 for a Berkovich indenter) and S = oP/oh
is the slope of the L–D curve at the initial unloading seg-
ment. The Young’s moduli, measured based on the Hertzian
and O–P methods, are presented in Fig. 7a for each of the
samples indented in air. The eﬀect of pile-up and sink-in
on the measured values of Er(O–P) was corrected based on
the method described in Ref. [69]. The eﬀect of hydrogen
on the elastic modulus and repeatability of tests was also
checked by switching the applied potential from anodic to
cathodic, and the results are presented in Fig. 7b and c.
In general, the eﬀect of hydrogen on elastic properties of
metal is still under debate. This is due to the lack of exper-
imental veriﬁcation [37]. Hence, atomic simulation is
mainly used to estimate the change in the elastic properties
by hydrogen [72–74]. A molecular static simulation done
by Taketomi et al. [73] showed a 10% reduction in shear
modulus by 1 at.% hydrogen dissolved in Fe, which is in
very good agreement with the experimental results of
Lunarska et al. [74]. Based on our observations, the nano-
indentation technique is capable of measuring the eﬀect of
hydrogen on the elastic modulus within the initial elastic
loading sequence after using the Hertzian contact model.
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In contrast, the O–P method, which is based on the ﬁnal
unloading sequence during nanoindentation, is not applica-
ble for probing the eﬀect of hydrogen on elastic properties.
This is mainly due to the presence of high compressive
stress, which works as driving force for the hydrogen diﬀu-
sion out of the plastic region below the surface. The fast
loading rate (500 lN/s) and the short time within the initial
Hertzian elastic regime (1–2 s) are, however, too short for the
H escape from the highly stressed region below the surface.
Additionally, the large number of dislocations generated
within the plastically deformed volume [75] trap and remove
the hydrogen from the elastic ﬁeld of the nanoindenter.
The Young’s modulus is proportional to the second
derivative of the crystal energy, Uc (E ¼ d2Ucda2 ), where a is
the displacement ﬁeld. According to Rose et al. [76–78]
metallic binding-energy–distance curves can be approxi-
mately scaled into a single universal relationship for the
cohesion of the bulk metals. The universality of cohesive
energy in metals relates the reduction in the E to the reduc-
tion in cohesive force. In other words, it is possible to relate
the reduction of the elastic properties to the reduction of
metallic bonding energy; this is in favour of the hydrogen
enhanced decohesion (HEDE) model for HE. However,
the 3–5% reduction in interatomic binding forces could
not be the only responsible mechanism for the HE of the
Fe3Al–xCr alloys.
3.3.2. Hydrogen eﬀect on pop-in load
At the pop-in load, the indenter tip suddenly penetrates
into the specimen without the load having to increase. It is
shown experimentally [34,79] and through diﬀerent atomis-
tic and continuum computer simulations [80,81] that the
pop-in load (Ppop-in) relates to the maximum shear stress
(s(max)) for HDN according to Eq. (10):
sðmaxÞ ¼ 0:31 6E
2
r
p3R2
Ppopin
 1
3
ð10Þ
Dislocation nucleation is a stress-assisted, thermally
activated process [82,83]. The critical stress for HDN
may be determined by considering the concept of activa-
tion energy. At room temperature, where the available
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thermal energy is very small, HDN could happen at a crit-
ical applied shear stress(s(max)). Fig. 5 clearly shows that
both the presence of hydrogen and Cr concentration alter
the pop-in load in Fe3Al intermetallic alloys. It was shown
earlier that the change in the cohesive energy of the crystal
by the addition of the Cr is responsible for the change in
pop-in load [34]. In this paper we will mainly focus on
the eﬀect of interstitial hydrogen atoms on the pop-in load
and consequently the resolved shear stress required for
HDN. To begin, we will look at the eﬀect of the applied
potential on the pop-in loads (Fig. 8) to explain the
decrease of the resolved shear stress required for HDN
after cathodic charging and its recovery after anodic charg-
ing. This reproducible behaviour should ensure that the
reduction at cathodic potentials is due to the adsorption
of interstitial hydrogen atoms and not surface roughening
during the nanoindentation. According to Eq. (10), lower
values of the Ppop-in after cathodic charging (Fig. 8a) is evi-
dence for the lower s(max) needed for HDN (Fig. 8b). The
Ppop-in reduction by hydrogen in samples with low Cr con-
tent is signiﬁcant in contrast to the samples with 5 at.% Cr.
The free energy required for HDN can be calculated by
considering the line energy of the newly formed dislocation
loop Wdis and the work for extending the loop s(max)b per
loop area (pr2) [84], which in the case of a circular loop
could be expressed by the following equation:
DG ¼ 2prW dis  pr2bsmax ð11Þ
where r is the dislocation loop radius. The elastic self-en-
ergy for a full circular dislocation loop in an inﬁnite isotro-
pic elastic solid (Wdis) is given by:
W dis ¼ 2 t
1 t
lb2
8p
ln
4r
w
 2
 
ð12Þ
where w is the dislocation core radius. The eﬀect of Cr
content on the dislocation core radius was calculated in
Ref. [34]. Considering Eqs. (11) and (12), DG can be rewrit-
ten as follows:
DG ¼ 2 t
1 t
lrb2
4
ln
4r
w
 2
 
 pr2bsmax ð13Þ
At the pop-in load, the free energy for the formation of
a dislocation loop passes through a maximum free energy
(DG*) at a critical loop radius rc (Fig. 9), which deﬁnes
the activation energy for the process of dislocation nucle-
ation. DG* can be calculated by setting dDG/dr = 0. At a
given applied stress, if the energy from thermal vibrations
is suﬃcient to overcome this activation energy, then a dis-
location loop is spontaneously emitted. Obviously, in the
H-charged condition, the HDN process (pop-in) occurs
in spite of the relatively high activation energy that it
requires. The available thermal energy at room tempera-
ture is very low. Rice and Beltz [85] estimated that the
available energy 30kBT. This value makes thermal activa-
tion of the HDN at typical pop-in loads under the
H-charged condition impossible; hence, we can assume that
H charging changes the material properties in such a man-
ner that HDN at this load becomes possible.
We observed earlier that the hydrogen eﬀect on the elas-
tic modulus is insigniﬁcant. Following Eq. (13), the main
inﬂuence of hydrogen atoms in Fe3Al–xCr intermetallics
is not on shear modulus (l = E/2(1 + m) but on the disloca-
tion core radius w. The eﬀects of hydrogen on the other
parameters involved in Eq. (13) are either neglected or
inapplicable [84]. Our current understanding of the core
structure of dislocations is based on computer simulations
that show a tendency for vacancy-like defects to form
along the dislocation core [86]. Such defects trap hydrogen
atoms substantially more than the peripheral strain ﬁeld of
dislocations or the anti-phase boundaries between super-
partial dislocations. It is for this reason that the interaction
between a dislocation’s core and hydrogen is assumed to be
so high. The strong hydrogen bonding to dislocation cores
reported for Pd [87,88] could also conﬁrm this theory. The
core extending to a radius of about one Burgers vector was
reported for iron, niobium and tantalum after hydrogen
charging [89,90]. The reason for the reduction of the
dislocation line energy in Fe3Al intermetallics could be
explained using the defect-acting agents (defactants)
model. Segregation of hydrogen atoms to dislocations
reduces their formation energy in the way that surfactants
reduce surface energies in liquids [91,92]. Consequently, the
solute energy is reduced, and this interaction can be
described by assigning the decrease in the overall free
energy to a decrease in the defect formation energy (defac-
tants concept). Therefore, in the presence of hydrogen, the
line energy of the newly formed loop and hence the
formation energy of dislocations is reduced.
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If we include the eﬀect of hydrogen on w and l in Eq.
(13), Eq. (14) can be rewritten as follows:
DG ¼ 2 t
1 t
lHrb2
4
ln
4r
wH
 2
 
 pr2bsmax ð14Þ
where wH and lH are the hydrogen-aﬀected dislocation
core radius and shear modulus, respectively. Eq. (14) shows
that the increase of the dislocation core radius with adsorp-
tion of hydrogen could decrease the dislocation line energy
and ease the dislocation nucleation after adsorption of
hydrogen. Based on the elastic constants and the maximum
shear stress for HDN (reported earlier in this paper) and
lattice constants of the intermetallics reported in Ref.
[34], the increase of the dislocation core radius as a result
of hydrogen charging was calculated. Fig. 10 shows clearly
that the increment of w is more in samples without Cr
(27%) and less in the sample with 5 at.% Cr (8%).
Obviously enough, after correcting the core radius, the crit-
ical Gibbs free energy at cathodic potentials shifts to zero
for all diﬀerent samples (Fig. 9d), thereafter ensuring that
the HDN will be energetically possible.
3.3.3. Hydrogen eﬀect on the hardness
The physical deﬁnition of the hardness is not very
straightforward, athough Tabor [93] deﬁnes hardness
(H = P/Ac) as the resistance of a solid to local deformation.
For a self-similar indenter (like a Berkovich) the instanta-
neous displacement rate of the indenter divided by the plastic
depth is typically deﬁned as the indentation strain rate
(_e ¼ dhdt  1hðtÞ). Hence, at a deﬁned displacement rate and time
of indentation, an increase of the plastic depth (h(t)  Ac (see
Appendix A)) causes a reduction ofH and _e. In our tests, the
displacement rate was between 8 and 16 lN s1 in the
elastoplastic regime for all samples. Based on the modiﬁed
version of the Orowan equation [92,94], the eﬀect of hydro-
gen on the strain rate (_e) of a plastically deformed material
could be expressed as follows:
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_e ¼ bqd
tg þ tm ð15Þ
where q is the density of dislocations, d is the distance a
double kink moves the dislocation ahead (for instance the
distance between two Peierls valleys), tg is the time constant
for double kink generation and tm is the time necessary to
move the kinks to the ends of a dislocation line. Mobile dis-
solved hydrogen atoms could inﬂuence both parameters tg
and tm, which depend on the material and hydrogen con-
centration [92]. It was shown earlier that the adsorption
of hydrogen decreases the elastic self-energy of dislocation
with the reduction lH and increment of wH (Eq. (14)). It
caused the reduction of the shear stress needed for HDN;
we can also expand it to decrease the kink formation en-
ergy within the dislocations. The reduction of tg may cause
softening in the material. In contrast, as is shown in
Fig. 11, an increase in the measured hardness values was
measured after electrochemical hydrogen charging. It could
be due to the contribution of the hydrogen on the tm. In the
following we will explain the eﬀect of hydrogen on the
mobility of dislocations in the Fe3Al iron aluminides.
To describe the dependency of hardness on the indenta-
tion depth, we follow the Taylor relation-based approach
developed by Nix and Gao [95,96]. We can apply the von
Mises ﬂow rule (r ¼ ﬃﬃﬃ3p s) and Tabor’s relation (H = 3r)
in order to convert the equivalent ﬂow stress, r, to the
hardness, as follows [97]:
H ¼ 3
ﬃﬃﬃ
3
p
s ð16Þ
During the nanoindentation of a single phase large grain
material, other hardening mechanisms, e.g. grain bound-
aries and precipitates, are absent and the only mechanism
which controls the ﬂow stress is the dislocation movement,
i.e. lattice friction (sP–N), and the dislocation–dislocation
interaction, i.e. forest hardening, and depends on the den-
sities of statistically stored dislocations (qSSD) and the den-
sity of geometrically necessary dislocations (qGND) [95,96].
Therefore, the shear ﬂow stress (s) could be formulated as
follows:
s ¼ sPN þ ulb
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
qSSD þ qGND
p ð17Þ
where u is an empirical factor depending on dislocation
structures. In the case of a pure metal or ordered interme-
tallic the Peierls and Nabarro models predict the friction
stress of dislocations (sP–N) as follows [98]:
sPN ¼ lð0:15þ 0:03ðb=nkÞð1 tÞ exp
2pnk
b
 
ð18Þ
where k is the distance between slip planes and n = 1/
(2(1  t)).
The qSSD is deﬁned by the so-called depth independent
hardness as follows:
qSSD ¼
1
3
rflow
ulb
 2
ð19Þ
where rﬂow is related to the ﬂow stress in uniaxial tension
without accounting for the eﬀect of the intrinsic lattice
resistance or microstructural features like grain bound-
aries. Therefore it is only a function of the SSD density
in the material. The density of geometrically necessary dis-
locations relates to the geometry of the tip and magnitude
of the Burgers vector as follows [69]:
qGND ¼
3
2bh
tan2 a ð20Þ
Here a is the angle between the surface of the indenter and
the surface plane of the indented material. It could be mea-
sured after precise characterization of the tip with the
method presented in Ref. [69]. Finally the changes of the
hardness at diﬀerent depths could be formulated as follows:
H ¼ 3
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
r2flow þ
9
2h
u2l2b tan2 a
r
þ
ﬃﬃﬃ
3
p
sPN
" #
ð21Þ
Eq. (21) shows that the changes of the hardness could be
due to the inﬂuence of hydrogen atoms on shear modulus
(lH) and/or friction stress (sHPN ). The ﬂow stress (rﬂow)
would not change as long as the H-charging condition
was kept in such a way as to ensure that there was no
increase in the dislocation density due to H charging. This
is guaranteed in our test by having the same pop-in statistic
before and after H charging, since, if H charging had been
been changing the qSSD there would be less probability of
pop-in observation, and this should remain the same even
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Fig. 11. Eﬀect of hydrogen on the hardness of Fe3Al intermetallics: (a)
Fe–26Al–0.5Cr and (b) Fe–26Al–5Cr.
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after H discharging at anodic polarization. The other
parameters in Eq. (21) are constants or geometrical param-
eters and are not inﬂuenced by the hydrogen presence. It
was shown that the shear stress decreases after hydrogen
charging. Therefore, the increase of the hardness should
be due to the increase of the friction stress after hydrogen
charging. Because the depth of indents in our test is limited
to some nanometers, we can expect the relatively high con-
centrations of hydrogen. This means that the formation of
the Cottrell atmospheres around the kinks will raise the
dragging forces, and therefore hydrogen will increase sig-
niﬁcantly the tm (tm tg), causing hardening in the sam-
ples. We tried to quantitatively calculate the sHPN by
ﬁtting the experimental data for the H-charged condition
with Eq. (21). The results show that H increases the friction
stress by 16.3% and 34.8% in the samples with 0.5 and
5 at.% chromium, respectively. The reason for the larger
eﬀect of the H in the samples with higher Cr content is
not clear. It could be due to the lower rate of the diﬀusion
of the H in the more highly alloyed sample [15].
3.4. Cr eﬀect on HE in Fe3Al–xCr
Numerous mechanisms have been proposed to explain
the eﬀect of hydrogen on the mechanical properties of vari-
ous materials [99–101]. Some of the most commonly cited
HE mechanisms include (i) reduction of the cohesive
strength of the lattice, encouraging cleavage-like failure
[102–106], according to the HEDE model; (ii) facilitation
of the emission of dislocations from crack tips based on
the adsorption induced dislocation emission (AIDE) model
[107–109]; (iii) formation of Cottrell atmospheres around
dislocation cores and causing embrittlement by reducing
the dislocation line energy and easing the dislocation nucle-
ation, according to the defactants theory [91]); (iv) facilita-
tion of the movement of dislocations (hydrogen-enhanced
local plasticity (HELP) [110,111]); (v) reduction of the stack-
ing fault energies (RSF) and limiting the cross-slipping of
dislocations [100,101,112,113]. Even for materials with
identical types of bonds, it is highly unlikely that there is just
one mechanism capable of explaining HE. Diﬀerent
mechanisms may operate in diﬀerent orders, depending on
the material, environmental and mechanical parameters.
In general, at a constant temperature, and in the absence
of any kind of phase transformation, the energy of the
newly formed surfaces (due to the crack growth) is an
intrinsic characteristic of material. The hydrogen ingress
into the studied intermetallics can inﬂuence this new sur-
face energy with the reduction of the shear modulus (l)
and hence the strength of interatomic bonds, as predicted
by the HEDE mechanism. On the other hand, the presence
of hydrogen controls the multiplication or movement of
dislocations (w and sP–N, respectively) in agreement with
the defactants, AIDE, HELP and RSF. However, the mag-
nitude of the inﬂuence of hydrogen on l, w and sP–N is dif-
ferent for various intermetallics. Our results show that the
alloys with high chromium content exhibit higher friction
stress after hydrogen charging, but, in the case of alloys
with low chromium contents, the main inﬂuence of hydro-
gen is on the dislocation nucleation process.
Note that all the mentioned parameters (energy of the
newly formed surfaces, multiplication or movement of dis-
locations) are key components of a ductile-to-brittle frac-
ture transition [114]. In the classical theory of dislocation
shielding of a singular crack, the eﬀective stress intensity
factor Ke at the crack tip is expressed as [114]:
Ke ¼ K þ KD ð22Þ
where K and KD are stress intensity factors induced by the
externally imposed loading and dislocations, respectively.
Fracture takes place when Ke reaches a critical value of
KC. The crack is said to be shielded by dislocations when
KD  0 and anti-shielded when KD 	 0. Therefore, the
growth rate of cracks will depend on the mobility of dislo-
cations and the energy for dislocation nucleation. Our re-
sults show that the hydrogen decreased:
1. the shear modulus of materials;
2. the energy for dislocation nucleation; and
3. the mobility of dislocations.
In other words, adsorption of hydrogen will ease nucle-
ation of sessile dislocations. Therefore, the shielding eﬀect
of dislocations will decrease. Finally, it favours the cleav-
age fracture of alloys. It shows that the mechanism of dis-
location shielding should be considered for analysing the
fracture characteristics of Fe3Al in atmospheres containing
hydrogen. Binary alloys, however, are very sensitive to HE
because of the strong reduction of the energy needed for
HDN after hydrogen charging. The addition of chromium,
along with its inﬂuence on the reduction of ﬂat-band poten-
tial, decreases the susceptibility of binary alloys to the HE
because the core radius does not change signiﬁcantly after
hydrogen charging.
4. Conclusion
In this work, the inﬂuence of the Cr content on the sus-
ceptibility of Fe–26Al–xCr intermetallics to HE was evalu-
ated with the aid of the in situ nanoindentation technique.
Our experimental results show that hydrogen decreases the
Young’s modulus and dislocation mobility. It also aﬀects
the Gibbs free energy needs for homogeneous dislocation
nucleation. This eﬀect is because the addition of physically
adsorbed hydrogen increases the dislocation core radius.
Chromium addition to the intermetallics as a ternary
alloying element, while it changes slightly the thickness
and protectively of the passive layer, does (i) decrease the
ﬂat-band potential; (ii) increase the pop-in load measured
in air, showing a strengthening of the interatomic bonds;
(iii) decrease the susceptibility of alloys to moisture-
induced embrittlement; and (iv) decrease the reduction of
the pop-in load after applying a cathodic potential, another
sign of decreased sensitivity to HE in Cr-enriched alloys.
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Appendix A
The continuous hardness measurement was calculated
based on the following formula [53]:
H ¼ P þ PAC
Ac
ðA1Þ
where PAC is the dynamic actuation force. The deﬁnition of
the contact area (Ac) was performed similar to the standard
indentation analysis with indentation on a fused quartz
with well-deﬁned mechanical properties, little pile-up and
indentation size dependency as follows [53]:
Ac ¼ C0h2c þ C1hc þ C2h
1
2
c þ C3h
1
4
c þ C4h
1
8
c þ C5h
1
16
c þ B ðA2Þ
where the constants C0  C5 and also an oﬀset factor (B)
are the ﬁtting parameters. The contact displacement (hc)
for the nanoDMA III analysis could be calculated as:
hc ¼ ðhþ hAcÞ  e P þ PACkstorage ðA3Þ
where h is the maximum displacement, hAC is the dynamic
displacement, e is deﬁned as a geometric constant related to
the probe, P is the applied quasistatic force, PAC is the dy-
namic actuation force and kstorage is the storage stiﬀness.
kstorage is calculated by the following equation:
kstorage ¼ PAC  cosðhÞ þ mT  xhAC  kT ðA4Þ
where h is phase shift between dynamic force and displace-
ment ﬂuctuations, mT is deﬁned as the mass of the trans-
ducer, x is the radial frequency and kT is deﬁned as the
stiﬀness of the transducer.
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In situ electrochemical hydrogen charging in combination with atomic force microscopy and optical microscopy has been used to
study the eﬀect of hydrogen on the austenite phase in super duplex stainless steel. Observations showed that hydrogen charging
results in an irreversible deformation of austenite. High residual tensile stresses form in austenite during quench annealing. These
stresses, in combination with the activation of dislocation sources by hydrogen, result in formation of slip lines on the austenite
surface during in situ hydrogen charging.
 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Super duplex stainless steels (SDSS) are highly
alloyed two-phase steels with excellent resistance against
localized corrosion. They are used in especially demand-
ing environments found in the chemical, oil and gas
industries. The very favorable properties of SDSS fail
due to hydrogen embrittlement (HE) [1]. In spite of
the vast study of HE in SDSS, the mechanism of HE
in this alloy is still not completely understood [2]. This
is mainly because SDSS consist of two phases with dif-
ferent physical properties, speciﬁcally from the view
point of HE. For example, austenite (c) and ferrite (a)
phases in SDSS have diﬀerent solubilities and diﬀusivi-
ties for hydrogen. Therefore it is necessary to study
HE on the scale of the individual phases. Previously it
has been shown that local mechanical testing methods
like nanoindentation in combination with in situ hydro-
gen charging (H-charging) can be successfully used for
examination of HE [3–6]. In the case of SDSS, due to
their complex microstructure, primary nanoindentation
experiments [7,8] showed continuous microstructural
changes in austenite when moderate H-charging was ap-
plied which made the nanoindentation measurements
unreliable. The purpose of this paper is to examine
and understand the eﬀect of H-charging alone on aus-
tenite in SDSS.
The SDSS cylindrical sample (£12 mm and 5 mm
thickness) was cut from an SAF 2507

slab provided
by OUTOKUMPU. The composition provided by the
supplier is given in Table 1. The sample was in the solu-
tion annealed condition, having been heat treated at
1120 C for 45 min and quenched in water. The ferrite
content was 46% according to the supplier’s test results.
Standard surface preparation, including mechanical
polishing to 1 lm with diamond paste followed by elec-
tropolishing in H2SO4/methanol, was used. Because of
the diﬀerent surface binding energies of a and c, the con-
nected grains of both phases can be distinguished easily
from each other by their shape. The austenite grain clus-
ters are preferentially convex, whereas the ferrite grains
ﬁll the space between these grain clusters and are ele-
vated (Fig. 1a).
A Zeiss optical microscope with a diﬀerential interfer-
ence contrast was used to study the microstructural evo-
lution on the surface during in situ electrochemical
charging of the sample inside a specially designed cell.
For the electrochemical cell, a three-electrode electro-
chemical setup with a platinum counter electrode and
an Ag/AgCl reference electrode was developed. Details
of the electrochemical cell are given elsewhere [3,4]. All
potentials are reported against the Ag/AgCl reference
electrode. The electrochemical H-charging was per-
formed in 0.1 M Na2SO4 aqueous solution (pH 6)
without the addition of any promoter. The same electro-
chemical setup was used in combination with a Digital
Instruments Dimension 3000

atomic force microscope
(AFM) with a special tip holder for imaging in ﬂuids.
The in situ imaging was performed in contact mode with
an ultrasharp tip. In order to observe the changes in the
topography the images were taken in deﬂection mode.
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The same AFM was used for magnetic force microscopy
(MFM). For X-ray diﬀraction (XRD) measurements, a
PANalytical X’Pert MRD diﬀractometer with a Cu X-
ray source was used.
Figure 1a shows the optical micrographs of the sam-
ple before in situ electrochemical H-charging. The sam-
ple was then covered with a 2 mm thick layer of
electrolyte and polarized to 1300 mV ( 10 mA/cm2),
which resulted in moderate hydrogen evolution on the
surface that did not disturb the image. The microstruc-
tural evolutions on the surface were observed continu-
ously. Figure 1b shows the surface of the sample in
exactly the same position as in Figure 1a (microindents
as reference) after 1 h of charging. The evolution of slip
lines on the surface of the austenite can be easily seen,
while there was no change in the ferrite grains. The opti-
cal microscope’s large ﬁeld of view proved that the sim-
ilar slip lines evolved all around the sample in the
austenite phase. Examination of the ferrite phase did
not reveal any slip line formation. This is worth men-
tioning because there were no external forces applied
to the surface during in situ charging. Furthermore, dur-
ing installation of the sample in the electrochemical cell,
special care was taken to ensure that no stresses would
be applied to the sample [8]. By increasing the charging
time, the density of slip lines increased. Figure 1c shows
the same position as in Figure 1a after 5 h of charging.
The whole process of in situ H-charging can be seen on-
line in the Supplementary video data. A large ﬁeld of
view and fast real time observation ability within OM
were useful in revealing the hydrogen-induced plasticity
in all austenite grains of the sample surface. In order to
improve the spatial resolution, the same in situ experi-
ments were performed with the AFM. While the sample
was immersed in solution and H-charged, changes in the
surface topography (deﬂection) were studied. Figure 2a
shows the surface of the sample before H-charging at
open circuit potential (OCP). In Figure 2a the austenite
grain with its convex grain boundary on the right-hand
side can be easily distinguished. Figure 2b was taken
after 1 h of H-charging at 1200 mV (a lower potential
in order to inhibit bubble formation). While there were
no observable changes in ferrite, formation of slip lines
on the surface of austenite can be seen (some of the slip
lines are marked). After H-charging for 2.5 h, the den-
sity of slip lines had increased further. This is shown
in Figure 2c and d at higher magniﬁcation. The evolu-
tion of the slip lines seemed to stop or slow down after
a few hours of charging, and this was not resolved with-
in the time scale of our experiments. The kinetics (i.e.
potential and time dependence) of slip lines evolution
can be studied with quantitative information about the
height of the slip lines provided by the electrochemical
(EC)-AFM. In this paper we are focused on mechanism
of hydrogen induced slip line formation.
Austenitic stainless steels that contain less than about
18 wt.%Ni are known to transform to  and a0 martens-
ites under the inﬂuence of strain or subzero cooling [9].
It has been reported that this transformation can be trig-
gered by H-charging as well [10,11]. Although the charg-
ing condition in our experiment was more moderate
than the condition required for triggering martensitic
transformation [9,11], we used MFM and XRD to check
the formation of any martensite. Figure 3 shows the
MFM and atomic force microscopy images of an aus-
tenite grain in the sample after H-charging and forma-
tion of slip lines. Figure 3a shows the topography
image (height mode) with hydrogen induced slip lines
in austenite. In the upper left corner can be seen a ferrite
grain. Figure 3b shows the MFM image of Figure 3a
where no magnetic domain in austenite region can be
detected, while the magnetic domains in the ferrite grain
resulted in obvious contrast. As shown in Figure 4, the
diﬀraction pattern of the sample after H-charging and
Table 1. Composition of SDSS used in this study as provided by the
supplier.
Element C Si Mn P S Cr Ni Mo N
wt.% 0.016 0.23 0.79 0.021 0.001 25 6.98 3.82 0.27
Figure 1. In situ OM shows the formation of slip lines on austenite due
to H-charging. (a) Electropolished surface before H-charging. (b) After
H-charging for 1 h at 1300 mV. (c) After H-charging for 5 h at
1300 mV.
Figure 2. EC-AFM deﬂection mode images form the surface of the
sample during in situ electrochemical H-charging. (a) Before H-
charging at the OCP; on the left is a ferrite grain and on the right is an
austenite grain which can be easily distinguished by its convex grain
boundary. (b) The image of the same position after 1 h of in situ H-
charging. (c) The image of the same position after 2.5 h of in situ H-
charging. (d) Higher magniﬁcation image from the surface of the
austenite grain.
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the slip line formation had not changed. Also, no  or a0
martensite peaks were revealed. Therefore, a hydrogen-
induced martensitic phase transformation [9,11] cannot
explain the formation of the slip lines by H-charging
of our sample.
When a multi-phase alloy is heat-treated, internal
stresses form due to diﬀerences in the thermal expansion
coeﬃcients between the constituent phases. The distri-
bution of such internal stresses in SDSS after quenching
in water from an elevated temperature has been
discussed in the literature [12–14]. These stresses can
be divided into residual macroscopic and microscopic
stresses. The macroscopic residual stress, rMij , is due to
the temperature gradient between the surface and the
internal region of the specimen. If the elastic moduli of
the constituent phases are not too diﬀerent, as in the
case of SDSS, then rMij can be neglected [12]. The micro-
scopic residual stresses arise due to misﬁt strains among
grains of the constituent phases with diﬀerent thermal
expansion coeﬃcients. These stresses may vary from
grain to grain, and their averaged value over each con-
stituent phase is called thermal phase-stress, rphij , [14].
During the production of SDSS it is water quenched
from 1120 C, in order to have an equal amount of c
and a phases in the microstructure. This stabilizes the
metastable c phase and results in phase-stresses and so
called eigenstrains, ij, which can be calculated as fol-
lows [15]:
ij ¼ dijðaA  aF ÞDT ð1Þ
where dij is Kronecker’s delta, aA and aF are linear ther-
mal expansion coeﬃcients of c and a, and DT is the tem-
perature change. ij of an ellipsoidal inclusion inside an
inﬁnite medium with the same elastic moduli can be re-
lated to the stress in inclusion by using Eshelby’s inclu-
sion theory [15]
rij ¼ CijklðSklmnmn  klÞ ð2Þ
where Cijkl are the components of the elasticity tensor of
the matrix and Sklmn are the components of the Eshelby’s
tensor. Eshelby’s inclusion theory coupled with the
Mori–Tanaka mean ﬁeld theory [15] can then predict
the average stress in the matrix and in the randomly dis-
tributed inclusions. In the present case, austenite grains
can be considered as inclusions, with uniform ij, ran-
domly distributed inside a ferritic matrix. Assuming that
elastic moduli for both phases are identical, the mean
phase-stresses in the ferrite phase, rFij, and austenite
phase, rAij, formed by quenching are calculated as
follows:
rAij ¼ xFCFijklðSklmnmn  klÞ ð3Þ
rFij ¼ ðxF  1ÞCFijklðSklmnmn  klÞ ð4Þ
where CFijkl are the components of the elasticity tensor of
ferrite. For simplicity, the shape of grains can be as-
sumed to be spherical. Then S1111 ¼ S2222 ¼ S3333 ¼
ð7 5mÞ=15ð1 mÞ, S1122 ¼ S2233 ¼ S3311 ¼ 1ð1 5mÞ=
15ð1 mÞ, S1212 ¼ S2323 ¼ S3131 ¼ ð4 5mÞ=15ð1 mÞ
and others are zero. Unfortunately, no data are avail-
able for exact values of aA and aF . This is due to the dif-
ﬁculty of preparation of a completely austenitic or
ferritic reference alloy having a chemical composition
identical to that of a constituent phase in SDSS. Typical
coeﬃcients of thermal expansion for c and a are
aA ¼ 12:5 106 K1 and aF ¼ 17:1 106 K1, respec-
tively [16]. Inputting aA, aF and DT ¼ 1000 K into Eq.
(1), ij ¼ 5:5 103dij is obtained. Then, by using a
Young’s modulus of E ¼ 200 GPa and a Poisson’s ratio
of m ¼ 0:3 equally for c and a in Eqs. (3) and (4),
rFij ¼ 470 MPa (compressive) and rAij ¼ 400 MPa (ten-
sile) are obtained. These values are in very good
agreement with the reported values in the literature
calculated with the constitutive material law [16]
(400 MPa), measured by neutron diﬀraction [12]
(500 MPa) and X-ray diﬀraction [14] (280–
500 MPa). The good agreement between the calculated
and measured residual stress shows that the relaxation
due to dislocation punch out from the surface under
ambient conditions is negligible. In order to understand
the eﬀect of this relatively high internal stress on austen-
ite it is necessary to compare it with its yield stress,
which again is not accessible, again due to the unavail-
ability of a completely austenitic reference alloy with
an identical chemical composition. A relation for the
yield stress, rAy , of high nitrogen alloyed austenitic steels
has been experimentally established by Werner [17]:
rAy ¼
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
rAr
 2 þ DrAr
 2q þ K
A
yﬃﬃﬃﬃﬃ
LA
p ð5Þ
where DrAr is the change in friction stress as a function of
the nitrogen concentration in the austenite, cAN , and is
equal to 486ðcAN Þ0:5 MPa/
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
wt:%
p
. KAy is the grain size coef-
ﬁcient, and is equal to 7 + 39.4cAN Nmm
3/2/wt.% The
friction stress of nitrogen-free austenite, rAr ¼ 220 MPa
Figure 3. (a) AFM image of an austenitic region where slip lines
formed during electrochemical H-charging. A ferrite grain can be seen
at the top left. (b) MFM image of the same region where no magnetic
domain formation in austenite were observed. The magnetic domains
of the ferrite grain can be seen.
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Figure 4. X-ray diﬀraction pattern of the sample before and after
electrochemical H-charging. After H-charging there was a clear slip
line formation on the sample surface but no  or a0 martensite phase
was detected.
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[16], and the partitioning coeﬃcient for nitrogen,
cFN=c
A
N ¼ 0:18 [18], are used with the metallographically
determined mean c grain size, LA ¼ 100 lm [7], to calcu-
late rAy ¼ 470 MPa from Eq. (5). Comparing rAij ¼
400 MPa with rAy ¼ 470 MPa proves that the residual
stress in austenite is near to its yield stress but not near en-
ough to plastically deform it and relax by dislocation
punch out. This relatively high residual stress plays a cru-
cial role during the H-charging of SDSS, primarily
increasing the solubility of hydrogen in austenite accord-
ing to the following equation [19]:
Cr ¼ C0erV H =RT ð6Þ
in which Cr and C0 are the concentration of the intersti-
tial solute in the stressed and unstressed body, respec-
tively, and V H is the partial molal volume of the
hydrogen with a typical value of V H  2 cm3 mol1.
For tensile stress, r is negative, and so the solubility in-
creases. With the calculated rphij values in our SDSS this
means an  50% increase in the solubility of hydrogen
for austenite and an  50% decrease in solubility for fer-
rite. In the next step, this stress-enhanced concentration
of hydrogen in austenite results in the activation of exist-
ing dislocation sources which are already stretched un-
der the existing stress ﬁeld. This should not be
confused, however, with the well-known hydrogen-en-
hanced local plasticity (HELP) model [20]. HELP has
been explained in terms of a hydrogen shielding model
in which the presence of hydrogen atmospheres around
dislocations and elastic obstacles decreases the interac-
tion energy between them [20]. Since the dislocation den-
sity in our sample after quench annealing is very low
[18], an increase in the mobility of existing dislocation
due to hydrogen cannot explain large amounts of slip
formation (see Fig. 2) without the activation of new dis-
location sources. Therefore, it is necessary to have
regenerative multiplication of dislocations. If we assume
a Frank–Read-type source in the sample, the relation
used to calculate sc, the critical shear stress required to
activate the source, is:
sc ¼ j 2Gb
‘
ð7Þ
where G is the shear modulus, ‘ is the length of segment
and j includes the line energy of dislocation. Due to the
existing residual stress in the austenite, the Frank–Read
source is already bowed out, but the stress is not enough
to activate the source. It has been shown that hydrogen
reduces the shear modulus [21–23], which, according to
Eq. (7), results in the activation of the source under the
existing residual stress. Additionally, as proposed by
Kirchheim et al. [24,25], a reduction in the dislocation
line energy by the segregation of hydrogen on it (i.e. a
reduction of j) contributes further to the activation of
the Frank–Read source according to Eq. (7).
We reported a uniformly spreading and continuously
increasing hydrogen-induced plasticity in austenite
grains of SDSS. This happened under moderate H-
charging which could not trigger any phase transforma-
tion in austenite, as reported elsewhere [2]. This was
proved by XRD and MFM examinations. Hydrogen re-
duces the required stress for activation of dislocation
sources which are already under tension due to residual
stresses formed during quench annealing. This initiates
dislocation punch out from the surface and relaxation
of the microstructure. This shows how hydrogen in com-
bination with a complex microstructure results in micro-
structural changes which can play a crucial role in
hydrogen embrittlement of industrially important al-
loys. To our knowledge, the eﬀect of residual stresses
on hydrogen uptake and microstructural changes has
not been considered before in any study of the HE of
SDSS. However, the ﬁndings presented here clearly
show the eﬀect of the residual stresses in combination
with hydrogen on the microstructure. Therefore, it is
necessary to consider their eﬀect on HE and corrosion
in future experiments and simulations. Further experi-
ments are planned to study the eﬀect of hydrogen on fer-
rite and stress-free austenite in SDSS.
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